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Summary 

This  report  describes  a  9-month  technical  effort  involving  microstructure  analysis  and 
modeling  of  Nb-silicide  in-situ  composite  creep  mechanisms.  The  motivation  for  this 
study  was  to  develop  an  understanding  of  the  creep  behavior  of  a  class  of  materials  that 
possess  long-term  high-temperature  capability  greater  than  that  of  current  nickel-based 
superalloys.  During  this  program  the  creep  mechanisms  that  can  be  enhanced  by 
modification  of  the  microstructure  and  properties  of  the  metal  and  silicide  phases  of  the 
composite  have  been  evaluated. 

This  investigation  has  examined  the  effect  of  volume  fraction  of  silicide  and  strength  of 
the  metallic  phase  on  the  creep  performance  of  the  composites.  The  effect  of  alloying 
additions  on  single-phase  and  composite  creep  behavior  has  also  been  investigated.  This 
report  will  describe  first,  experimental  modeling  of  composite  creep,  and  second, 
numerical  modeling  of  the  constitutive  creep  behavior.  Finally,  there  will  be  a  brief 
description  of  a  study  on  Nb-silicide  eutectoid  decomposition. 


1.0.  Objectives 

The  objective  of  the  present  research  was  to  investigate  the  fundamental  mechanisms  that 
control  the  high-temperature  creep  performance  of  Nb  silicide-based  in-situ  composites. 
Initial  composite  creep  modeling  was  developed  to  provide  a  framework  for  a 
fundamental  understanding  of  the  high-temperature  behavior  of  these  systems. 
Fundamental  studies  of  the  relationships  between  high-temperature  composite 
microstructure,  individual  phase  properties  and  creep  processes  at  high  temperature  have 
been  performed.  The  stress  sensitivity  of  the  composite  creep  performance  has  also  been 
examined. 
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2.0  Approach 


This  basic  research  program  has  focused  on  modeling  of  the  creep  deformation  behavior 
of  Nb  silicide-based  composites.  It  has  employed  modeling  tools  and  sophisticated 
analytical  techniques,  such  as  orientation  imaging  microscopy.  Initial  stochastic 
modeling  of  the  deformation  processes  that  control  the  overall  creep  behavior  has  also 
been  performed.  The  long-term  aim  of  this  approach  is  to  build  a  set  of  tools  that  can  be 
used  to  design  revolutionary  materials  for  high  temperature  applications. 


3.0  Progress  and  Status  of  Effort 
Composite  Creep  Analyses 

Nb-silicide  based  in-situ  composites  are  potential  candidates  for  very  high  temperature 
structural  applications  (>1150°C),  including  advanced  turbine  applications  [1-6].  These 
composites  consist  of  Nb5Si3  and  NbaSi  type  silicides  toughened  with  a  Nb  solid  solution 
(abbreviated  by  (Nb)  in  the  present  report).  The  high-temperature  creep  performance  has 
been  found  to  be  highly  dependent  of  the  alloy  composition  and  constituent  phases. 
Alloying  elements  such  as  Cr  and  B  have  beneficial  effects  on  oxidation  resistance, 
stabilizing  Laves  phases,  and  T2  niobium  borosilicide  phases,  respectively.  The  creep 
behavior  of  these  phases  has  not  been  investigated  previously. 

The  microstructure  of  the  composites  from  binary  hypoeutectic  alloys  consists  of  (Nb) 
dendrites  with  an  interdendritic  Nb3Si-(Nb)  eutectic.  The  NbsS^  and  Nb3Si  have  the  tI32 
and  tP32  ordered  tetragonal  structures  with  32  atoms  per  unit  cell.  The  unit  cells  also 
possess  large  lattice  parameters;  the  large  Burgers  vectors  and  complex  dislocation  cores 
associated  with  these  structures  would  suggest  that  dislocation  creep  makes  only  a  small 
contribution  to  creep  deformation  in  these  silicides.  When  NbsS^  is  alloyed  with  Ti  and 
Hf,  the  less  complex  hP16  structure  can  also  be  stabilized  [9-11].  NfySi  and  tetragonal 
NbsSi3  are  beneficial  to  creep  behavior,  provided  their  volume  fraction  and  distribution 
within  the  composite  are  controlled.  The  crystallography  of  these  silicides  will  be 
discussed  in  more  detail  subsequently. 

The  microstructure  of  a  complex  composite  is  shown  in  Figure  1.  This  microstructure 
illustrates  the  complexity  of  the  mechanical  behavior  modeling  challenge  for  these 
composites.  The  microstructure  possesses  large-scale  faceted  NbsSi3  dendrites  and  (Nb). 
The  NbsSi3  provides  the  high-temperature  structural  performance  and  the  (Nb)  the  low- 
temperature  damage  tolerance.  The  Laves  phase  provides  high-temperature  oxidation 
performance.  There  are  also  interdendritic  regions  of  (Nb)-  NbsS^  eutectic;  this  eutectic 
is  generally  considered  to  be  detrimental  to  the  creep  performance.  In  the  course  of  the 
present  study  the  constitutive  properties  of  the  monolithic  phases  have  been  investigated. 
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Figure  1.  Microstructure  of  the  transverse  section  of  a  DS  in-situ  composite  derived 
from  a  Nb-21.5Ti-4Hf-18Si-8Cr-2Al  alloy. 


The  present  study  was  performed  to  determine  the  creep  rates  of  Nb-silicide  based 
composites,  and  the  monolithic  intermetallic  phases  in  complex  systems.  This  study  was 
designed  to  develop  both  the  constitutive  creep  laws  for  these  phases  and  a  predictive 
modeling  capability  for  more  complex  two-phase  and  multi-phase  systems  [12].  The  aim 
of  the  present  section  is  to  describe  high-temperature  creep  behavior  of  the  monolithic 
intermetallic  phases  and  the  resulting  Nb-silicide  in-situ  composites  that  were  produced 
by  directional  solidification. 

In  order  to  determine  the  effect  of  phase  volume  fraction,  Nb-silicide  based  in-situ 
composites  were  directionally  solidified  from  quaternary  alloys  with  compositions  of  Nb- 
8Hf-25Ti-XSi,  where  X  was  adjusted  from  12  to  22%.  The  directional  solidification 
procedure  has  been  described  in  more  detail  previously  [1].  Monolithic  intermetallic 
creep  samples  were  prepared  using  multiple  arc  melting.  Monolithic  Nb  alloys  were  also 
prepared  with  compositions  of  Nb-lSi,  Nb-46Ti-lSi  (denoted  as  Nb-3  in  the  present 
report),  and  Nb-27Ti-5Hf-2Al-2Cr-0.9Si  (denoted  as  Nb-C),  in  order  to  determine  the 
creep  performance  of  the  Nb  solid  solution  in  the  in-situ  composites.  The  samples  were 
examined  using  scanning  electron  microscopy  and  Electron  Back-Scatter  Diffraction 
(EBSD)  in  the  SEM. 


Table  I  shows  the  compositions  of  the  monolithic  intermetallic  phases  that  were 
investigated.  The  compositions  of  these  phases  were  selected  using  electron  microprobe 
analyses  (EMPA)  of  the  respective  phases  in  multi-phase  composites  [9,10].  The 
monolithic  intermetallics  that  were  generated  from  ternary  alloys  were  given  the  post¬ 
script  3,  for  example,  the  Nb5Si3  modified  with  10%  Ti  was  labeled  silicide-3.  The 
monolithic  intermetallics  that  were  prepared  from  quaternary  and  higher-order  alloys 
were  given  the  post-script  C,  such  as  silicide-C. 
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Compression  creep  tests  were  conducted  at  temperatures  of  1100  and  1200°C,  and  at 
stress  levels  of  up  to  280  MPa  in  a  vacuum  of  ~5xlO'5  Torn  The  cylindrical  specimens 
that  were  used  were  7.6  mm  in  diameter  and  up  to  30  mm  in  length.  Tensile  creep 
rupture  tests  were  performed  in  flowing  argon  with  ASTM  specification  creep  frames. 
Incremental  loading  and  interruption  of  the  creep  tests  at  24-hour  intervals  were 
employed  to  determine  the  creep  rate  at  multiple  stress  levels. 


Table  I:  Compositions  (in  atom  per  cent )  of  the  monolithic  phases  that  were 

investigated.  The  phases  labeled  ‘silicide’  are  both  based  on  the  NbsSis. 


PHASE 

Nb 

Ti 

Hf 

Si 

Cr 

Al 

B 

Laves-C 

21.0 

11.0 

■aai 

53.0 

1.0 

Laves-3 

30.0 

15.0 

55.0 

Silicide-C 

38.5 

16.0 

6.0 

37.0 

1.0 

1.0 

0.5 

Silicide-3 

53.0 

10.0 

37.0 

T2-C 

41 .5 

13.0 

3.0 

12.5 

4.0 

0.5 

25.5 

T2-3 

62.5 

12.5 

25.0 

hP16-3 

20 

44 

hP16-C 

25.5 

25.5 

13 

Ena 

(Nb)3Si-C 

49.0 

18.2 

7.8 

25.0 

63.1 

27 

5 

■iIsM 

2 

2 

Nb-1Si 

99 

1 

Nb-46Ti-1Si 

53 

46 

1 

Composite  Microstructures 


Figure  2  shows  the  typical  microstructure  of  the  composites  based  on  Nb-8Hf-25Ti-XSi 
alloys  with  Si  concentrations  of  20%  and  less.  The  microstructure  consisted  of  (Nb)sSi 
tP32  phase  (the  grey  phase)  with  (Nb)  dendrites  (the  light  phase).  The  dendrites  appear 
to  have  grown  cooperatively  to  generate  an  interpenetrating  structure.  Both  the  (Nb)sSi 
and  the  (Nb)  possess  substantial  amounts  of  Hf  and  Ti  in  solid  solution  [9,10]. 


Figure  2.  Scanning  electron  micrograph  (BSE  image)  of  the  typical  microstructure  of  the 
transverse  section  of  a  DS  composite  generated  from  a  quaternary  Nb-25Ti-8Hf- 
16Si  alloy.  The  (Nb)  is  the  light  phase  and  the  (Nb);,Si  is  the  grey  faceted  phase. 
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Figure  3  shows  the  typical  microstructure  of  the  composites  with  Si  concentrations 
greater  than  20%  and  less  than  25%Si.  In  addition  to  the  (Nb)3Si  and  (Nb)  phases 
observed  in  the  composites  from  lower  Si  concentrations,  the  NbsSi3  tI32  phase  was  also 
observed  as  the  primary  solidification  phase.  The  (Nb)sSi3  was  the  large-scale,  dark, 
faceted  phase. 


Nb3Si  Nb5Si3  (Nb) 


Figure  3.  Scanning  electron  micrograph  (BSE  image)  of  the  typical  microstructure  of  a 
transverse  section  of  a  DS  composite  from  a  quaternary  Nb-25Ti-8Hf-22Si 
alloy.  The  (Nb)  is  the  light  phase,  the  (Nb^Si  is  the  grey  phase,  and  the 
(Nb)sSi3  the  dark  phase. 

Creep  of  Composites 

Figure  4(a)  shows  the  compression  creep  rate  as  a  function  of  Si  concentration  for  the 
Nb-25Ti-8Hf-XSi  composites,  where  X  was  adjusted  from  12  to  22  atomic  percent.  Data 
are  shown  at  1200°C  for  stresses  of  140  to  280  MPa.  Quantitative  microscopy  indicated 
that  as  the  Si  concentration  was  increased  from  12%  to  18%,  the  volume  fraction  of 
(Nb)3Si  increased  from  0.25  to  0.71.  There  is  a  broad  range  of  compositions  for  which 
the  creep  rate  is  less  than  3xl0'8s'',  which  is  an  important  design  goal  for  high- 
temperature  applications  [4], 

There  are  two  important  features  of  these  creep  data.  First,  the  creep  rate  possessed  a 
minimum  value  between  18  and  20  %Si.  The  compositional  width  of  the  creep  rate 
minimum  decreased  with  increasing  stress.  Second,  at  higher  Si  concentrations  (>20%) 
the  creep  rate  increased.  Microstructural  analysis  of  samples  after  creep  testing  indicated 
that  at  low  Si  concentrations,  deformation  was  controlled  by  creep  of  the  (Nb),  but  at 
high  Si  levels,  creep  deformation  was  controlled  by  cracking  of  the  silicide. 
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Volume  Fraction  of  Silicide 


0.25  0.55  0.71 


Silicon  Content  (at.%) 

Figure  4(a).  Effect  of  Si  concentration  (volume  fraction  of  metal  and  silicide)  on  the 
secondary  creep  rate  of  Nb-Si  based  composites  for  stresses  of  70-280 
MPa  at  1200°C.  At  low  Si  concentrations,  deformation  is  controlled  by 
creep  of  the  (Nb)  and  at  high  Si  concentrations,  composite  deformation  is 
controlled  by  cracking  of  the  silicide. 

A  typical  strain-time  plot  from  a  tensile  creep  test  is  shown  in  Figure  4(b)  for  an 
incremental  loading  experiment.  It  shows  the  primary  and  secondary  creep  regimes  at  the 
individual  stress  levels.  At  stress  levels  up  to  105  MPa  the  secondary  creep  regimes  were 
very  stable,  higher  stress  levels  can  lead  to  the  onset  of  tertiary  creep.  Primary  creep 
strains  and  secondary  creep  rates  were  obtained  at  each  stress  level. 


Figure  4(b).  Strain-time  plot  from  a  tensile  creep  test  for  incremental  loading. 
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Figure  4  (c)  shows  the  secondary  creep  rate  as  a  function  of  stress  at  1200°C  for  Nb-25Ti- 
8Hf-XSi  composites  for  Si  concentrations  from  12  to  22%.  The  stress  exponent  was 
calculated  for  each  composite.  The  lowest  stress  exponent  was  for  the  Nb-25Ti-8Hf-18Si 
composite  (3.3)  and  the  highest  was  for  the  Nb-25Ti-8Hf-12Si  (>5).  At  Si  concentrations 
greater  than  18%,  the  stress  exponent  also  begins  to  rise  from  the  minimum  at  the  18%Si 
composition;  for  the  Nb-25Ti-8Hf-22Si  the  stress  exponent  was  5.1.  In  all  composites 
the  stress  exponents  were  closer  to  those  of  the  (Nb)  than  to  the  tI32  silicides.  The 
hypoeutectic  composites  also  only  possess  (Nb)3Si  rather  than  the  NbsSi3,  and  this  may 
be  contributing  to  these  relatively  high  stress  exponents. 
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Figure  4(c).  Secondary  creep  rates  as  a  function  of  stress  at  1200°C  for  Nb-8Hf-25Ti-XSi. 


Creep  Behavior  of  the  Monolithic  Phases  at  110(fC  and  1200°  C 
The  creep  data  for  the  monolithic  intermetallics  are  shown  in  Figures  5  and  6.  Figure  6 
also  shows  data  for  the  binary  monolithic  Nb5Si3,  and  the  Nb5Si3-Nb  composite  prepared 
from  the  binary  Nb-lOSi  alloy  [11]. 

The  data  for  the  creep  tests  at  1 100°C  are  shown  in  Figure  5.  The  data  are  not  complete 
for  all  compositions,  as  will  be  discussed  below.  The  data  are  well  behaved  for  the 
ternary  NbsSi3  silicide-3  and  the  NbsSi-C.  There  is  some  scatter  in  the  Nb5Si3-C  data; 
the  highest  creep  rate  that  was  measured  was  2x1  O'8 s'1  at  210MPa,  and  all  other 
measurements  were  below  this  value.  At  creep  rates  <10"8s’1  there  is  generally  more 
scatter  in  the  data  because  these  rates  are  very  close  to  the  measurement  limit  for  the 
creep  system  that  was  employed  (~5xl0"V’);  this  limit  was  governed  by  the  dilatometer 
resolution,  mechanical  stability,  and  electrical  noise.  The  silicide-3  and  silicide-C  have 
creep  rates  that  are  close  to  that  of  the  binary  NbsS^,  but  they  are  slightly  higher.  The 
ternary  NbsSb  with  Ti  substituted  for  Nb  has  a  lower  creep  rate  than  the  Nb5Si3-C.  The 
NbsSi-C  has  the  highest  creep  rates.  At  1100°C  the  creep  rate  of  the  T2  was  ~3xl0‘8s'’, 
but  there  was  little  sensitivity  of  the  creep  rate  to  stress. 
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Due  to  limited  ductility  of  some  of  the  phases  at  1 100°C,  cracking  occurred  in  some  cases 
during  the  creep  test,  and  this  led  to  some  difficulties/inconsistencies  in  some  creep  strain 
measurements.  For  some  of  the  alloys,  such  as  Laves-3  and  Laves-C,  the  creep  rates 
were  very  low  (<  5xl0'9  s'1)  at  low  stresses  (70MPa),  and  increasing  the  stress  led  to 
cracking  prior  to  creep.  This  behavior  was  observed  for  the  Laves-C  at  both  1 100°C  and 
1200°C.  Thus,  there  are  no  data  in  Figure  5  for  the  Laves  phases  and  the  T2-3  phase. 
The  microstructures  of  the  creep  samples  were  analyzed  after  the  creep  test  in  order  to 
investigate  the  type  of  cracking  that  occurred.  Creep  data  for  the  binary  Nb5Si3at  1200  C, 
as  reported  by  Subramanian  et  al.  [13],  indicate  that  even  at  1200°C  the  creep  rate  of  the 
binary  Nb5Si3is  less  than  that  of  any  of  the  other  phases  at  1 100°C. 

At  1100°C  further  analysis  of  the  exponents  for  the  intermetallics  is  limited  by  the  small 
data  set.  Exponents  for  the  silicide-3  and  Nb3Si-C  were  determined,  but  they  had  values 
less  than  unity.  This  would  suggest  that  there  is  some  creep  threshold,  or  other 
complicating  factor,  that  is  preventing  further  interpretation  of  the  data. 

At  1200°C  the  binary  Nb5Si3  possessed  the  lowest  creep  rates  and  the  Nb3Si-C  displayed 
the  highest  creep  rates  of  the  tetragonal  phases  investigated.  The  hP16  phases  had  creep 
rates  similar  to  the  T2-C  phase  at  stresses  up  to  140  MPa.  However,  on  increasing  the 
stress  above  140  MPa  the  creep  rate  of  the  hP16-C  increased  rapidly  to  3xl0'V  at  210 
MPa,  as  shown  in  Figure  6.  This  behavior  suggests  a  change  in  creep  mechanism  with 
increasing  stress.  The  hP16  phases  have  the  worst  performance,  and  at  high  stresses  these 
creep  rates  are  beyond  the  scale  of  Figure  6. 


Figure  5.  Secondary  creep  rates  at  1 100°C  for  the  monolithic  silicides  that  were 
investigated. 
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Stress  (MPa) 


Figure  6.  Secondary  creep  rates  at  1200°C  for  the  monolithic  silicides,  Laves  phases, 
hP16  and  T2  phases  that  were  investigated. 

The  silicide-3  and  silicide-C  had  creep  rates  that  were  also  higher  than  those  of  the  binary 
NbsSi3.  The  ternary  NbsSb  with  Ti  had  a  lower  creep  rate  than  the  NbsSis-C.  The  T2-C 
creep  curve  was  higher  than  those  of  the  NbsSh  type  silicides,  although  it  was  lower  than 
that  of  the  Nb3Si-C.  The  creep  rate  of  the  T2-3  was  -lxlO'V1,  but  there  was  little 
sensitivity  of  the  creep  rate  to  stress.  The  T2-3  also  had  a  lower  creep  rate  than  the  T2-C; 
the  addition  of  Ti,  Hf,  Cr  and  A1  led  to  an  increase  in  the  creep  rate  of  the  T2.  The 
Laves-3  possessed  creep  rates  similar  to  those  of  the  silicide-3. 

The  creep  rates  of  the  Nb-lSi,  Nb-46Ti-lSi,  and  Nb-C  at  1100°C  and  1200°C  are  shown 
as  a  function  of  stress  in  Figure  7.  These  compositions  cover  the  compositions  of  the  Nb- 
based  solid  solutions  in  the  composites  that  have  been  generated  previously  from  ternary, 
quaternary,  and  higher-order  alloys.  The  data  at  1200°C  indicate  that  the  creep  rate  of  the 
(Nb)  is  greater  than  10'Y1  even  at  stresses  as  low  as  70  MPa.  The  creep  rates  of  these 
monolithic  Nb  alloys  are  similar  to  those  of  the  composites  from  the  low  Si  (less  than 
14%)  quaternary  alloys  shown  in  Figure  4(a).  These  results  also  show  that  the  creep  rate 
of  the  Nb-Si  solid  solution  is  very  sensitive  to  Ti  additions. 
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Figure  7.  Secondary  creep  rates  as  a  function  of  stress  at  1 100°C  and  1200°C  for  binary 
Nb-Si,  ternary  Nb-Ti-Si,  and  complex  Nb-based  monolithic  solid  solutions. 
Note  the  stress  range  is  10  times  lower  than  in  Figures  4  and  5.  The  effect  of 
alloying  additions  on  creep  rate  is  shown. 


The  stress  sensitivity  of  the  creep  rate  w'as  determined  by  relating  the  creep  rate  (e)  and 

stress  (ct)  using  a  power  law  equation  of  the  form,  e=  B  an;  where  n  is  the  stress 
exponent  and  B  is  a  constant  at  any  specific  temperature.  The  grain  size  of  all  the 
monolithic  phases  was  large  and  of  approximately  the  same  order  of  magnitude  (-100 
Urn).  In  the  present  study  no  attempt  was  made  to  incorporate  any  dependence  of  the 
creep  rate  on  grain  size. 

The  stress  exponents  are  shown  in  Table  II.  In  the  case  of  the  Nb5Si3  the  stress  exponent 
was  almost  one  and  the  mechanism  for  creep  deformation  was  reported  to  be  Nabarro- 
Herring  creep,  the  creep  deformation  being  limited  by  Nb  diffusion  [13].  In  the  cast  and 
heat  treated  conditions,  the  dislocation  densities  in  the  monolithic  intermetallic  phases 
investigated  were  very  low,  and  Harper-Dom  creep  probably  did  not  make  a  significant 
contribution  to  creep.  Therefore,  the  potential  creep  mechanisms  are  Nabarro-Herring, 
grain  boundary  sliding,  or  power  law  creep  for  the  cases  where  the  exponents  are  close  to 
unity.  Examination  of  the  creep  exponents  in  Table  II  indicates  that  the  creep 
deformation  of  the  monolithic  phases  is  controlled  by  a  range  of  mechanisms.  For 
example,  the  T2-C,  Laves-3,  and  silicide-C  constitute  the  first  group  that  have  exponents 
close  to  unity,  as  is  the  case  for  binary  NbjSi:,.  Creep  deformation  of  these  phases  is 
probably  also  controlled  by  Nabarro-Herring  type  creep,  but  the  diffusing  species  that 
control  deformation  are  still  being  investigated.  The  Nb3Si-C  and  (Nb)  alloys  represent  a 
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second  group  that  have  higher  stress  exponents  (>3).  The  monolithic  (Nb)  alloys  have 
exponents  of  ~3,  and  in  these  systems  deformation  is  probably  controlled  by  dislocation 
creep.  These  exponents  are  similar  to  those  reported  previously  for  Nb-1.25Si  [12].  This 
high  stress  exponent  suggests  that  creep  deformation  is  controlled  by  dislocation  glide,  as 
is  the  case  for  pure  metals,  despite  the  fact  that  the  dislocation  structures  in  NbsSi-C  are 
complicated. 

Table  II:  Stress,  temperature,  and  power  law  constants  describing  secondary  creep  of  the 
monolithic  phases  that  were  investigated. 


Phase 

Stress  Range  (MPa) 

Temperature  (°C) 

Constant,  B 

Exponent  n 

Nb5Si3 

100-280 

1200 

6.16x10" 

1.0 

Nb-lOSi 

70-140 

1200 

6.57xl0'12 

1.9 

Silicide-C 

70-140 

1200 

3.84x10-" 

1.5 

Nb3Si-C 

70-140 

1200 

1.07xl0"14 

3.6 

Laves-3 

70-140 

1200 

l.llxl  0'9 

1 

T2-C 

70-140 

1200 

2.15xl0'9 

0.9 

(Nb)-3 

3-80 

1100 

1.9x10- 10 

3.3 

(Nb) 

3-80 

1100 

4.7xl0"14 

2.9 

(Nb)-3 

3-20 

1200 

4.5xl0"9 

3.1 

(Nb) 

3-30 

1200 

5.4xl0"16 

5.5 

Composite  Creep  Modeling 

In  order  to  develop  an  improved  understanding  of  the  response  of  the  composite  to 
increasing  silicide  volume  fraction  and  increasing  stress,  the  creep  of  the  composite  was 
simulated  using  the  equation  shown  below  [12,14,15],  where  Oa  is  the  applied  stress,  n  is 
the  stress  exponent  for  the  silicide,  and  m  is  the  stress  exponent  for  the  Nb.  Vs  and  Vw  are 
the  volume  fractions  of  the  silicide  and  Nb,  respectively.  Bs  and  Bw  are  the  pre-exponents 
in  the  power  law  creep  expressions  for  the  silicide  and  Nb,  respectively. 


Oa=V, 


i 

£yn+Vw 

1 

.Bf. 

w 

Bl/m 
_  w 

il/m 


[1] 


This  equation  provides  a  description  of  secondary/steady-state  creep  of  a  continuous 
composite  in  terms  of  the  constitutive  creep  behavior  of  the  individual  phases.  The 
composite  is  assumed  to  consist  of  infinitely  long  fibers  and  neglects  fiber-matrix 
interactions.  It  is  assumed  that  the  strain  is  homogenous  within  the  composite,  and  a 
volume  fraction  weighted  distribution  of  the  load  between  the  phases.  The  local  strain  in 
the  matrix  and  fibers  is  equal  and  identical  to  the  macroscopic  strain  in  the  composite. 
Thus,  it  is  assumed  that  there  is  material  continuity  and  there  is  no  cavitation  of  one 
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phase  in  order  to  compensate  for  differential  strain  between  the  fiber  and  the  matrix 
phases.  These  structural  assumptions  are  thus  a  major  approximation  of  the  Nb-silicide 
based  in-situ  composites  of  the  present  study.  Where  the  strengthening  phases  are 
discontinuous  (i.e.  short  fibers),  flow  of  the  matrix  phases  around  the  end  of  the  fiber  may 
occur.  However,  the  aspect  ratio  of  the  silicide  phase  (>10)  is  such  that  the  infinitely 
long  fiber  assumption  is  quite  reasonable.  The  analysis  also  assumes  that  the  stresses 
supported  by  the  matrix  and  fiber  are  uniform  within  each  phase  and  there  is  a 
discontinuous  step  at  the  fiber/matrix  interface;  this  can  only  occur  when  each  phase  can 
deform  independently  without  any  interaction  with  the  other  phase.  This  equation 
contains  no  explicit  parameter  that  accounts  for  the  microstructural  dimensions  of  the 
composite.  The  microstructural  dimensions  of  the  individual  phases  are  incorporated 
implicitly  through  their  constitutive  properties,  as  described  by  the  power  law  creep 
expressions. 

The  constitutive  creep  equations  for  the  monolithic  solid  solutions  were  employed;  using 
the  data  for  the  (Nb)  and  silicide  solid  solutions  shown  in  Table  H.  For  each  calculation 
an  applied  stress  was  selected  and  the  equation  solved  for  the  strain  rate.  Since  n  does 
not  equal  m,  the  equation  had  to  be  solved  numerically.  The  above  equation  can  predict 
the  increase  in  the  creep  rate  with  increasing  stress  for  a  given  Si  concentration  in  the 
hypoeutectic  regime.  However,  the  model  does  not  incorporate  any  damage  mechanisms 
in  either  the  (Nb)  or  the  silicide. 


Volume  Fraction  of  Silicide 
0.25  0.55  0.71 


Silicon  Concentration  (%) 

Figure  8.  Comparison  of  the  measured  and  the  calculated  composite  creep  rates  at 
210MPa  for  the  range  of  (Nb)  and  silicide  solid  solutions  investigated. 


Figure  8  shows  the  effect  of  both  the  type  of  silicide  and  the  type  of  (Nb)  on  the  predicted 
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creep  rates.  The  calculations  were  performed  using  Equation  (1)  in  conjunction  with  the 
data  in  Table  II  at  1200°C  for  silicides  and  1100°C  for  (Nb).  The  results  show  that 
increasing  the  alloying  content  of  the  (Nb)  (Nb-3  vs.  Nb-lSi)  causes  an  increase  in  the 
predicted  creep  rate.  Of  the  three  silicides  considered,  the  binary  NbsSb  produces  the 
composite  with  the  lowest  creep  rate,  and  the  NbsSi  produces  the  composite  with  the 
highest  creep  rate.  In  general  the  predicted  creep  rates  are  higher  than  those  measured 
experimentally.  The  effect  of  the  (Nb)  solid  solution  is  brought  about  by  the  difference  in 
the  constitutive  creep  properties  of  the  (Nb),  specifically  the  effect  of  Ti  additions. 
Figure  7  shows  the  detrimental  effect  of  Ti  on  the  creep  performance  of  the  (Nb). 

Figure  8  shows  the  creep  rate  at  1200°C  and  210MPa  as  a  function  of  Si  concentration  for 
a  series  of  composites  that  were  constructed  from  the  NbsSi-C,  the  binary  Nb5Si3,  and  the 
complex  NbsSi3-C  silicides.  The  composites  were  constructed  using  the  ternary  Nb- 
46Ti-lSi  solid  solution  and  the  Nb-lSi  binary  solid  solution.  The  power  law  constants 
describing  the  creep  behavior  of  these  individual  phases  are  shown  in  Table  n.  The  Si 
concentrations  at  which  the  composite  creep  properties  were  calculated  were  12,  16  and 
18%;  these  correspond  to  silicide  volume  fractions  of  0.25,  0.55  and  0.71  respectively. 
The  creep  behavior  was  only  modelled  for  composites  in  the  hypoeutectic  regime  because 
the  damage  mechanisms  that  become  operative  at  Si  concentrations  higher  than  -18%  are 
not  represented  explicitly  by  the  constitutive  model. 

The  data  in  Figure  8  illustrates  the  following  points  : 

[1]  The  binary  Nb-  composites  have  the  lowest  creep  rates. 

[2]  The  Nb-3  :  Nb3Si-C  composites  have  the  highest  creep  rates. 

[3]  The  calculated  creep  rates  decrease  with  increasing  volume  fraction  of  silicide. 

[4]  The  calculated  decrease  in  creep  rate  with  increasing  volume  fraction  of  silicide  is 
lower  than  the  measured  trend;  this  point  will  be  discussed  subsequently. 

[5]  The  constitutive  properties  of  the  (Nb)  have  a  significant  effect  on  the  composite 
creep  performance;  if  we  consider  the  NbsSis  based  composite  with  (Nb),  the  creep 
rates  are  increased  -50%  on  substitution  of  Nb-3  for  Nb;  the  increase  in  the  creep 
rate  on  adding  Ti  to  the  (Nb)  is  increased  as  the  (Nb)  volume  fraction  is  increased. 
Similarly,  if  we  consider  the  NbsS^-C  based  composite  with  (Nb),  the  creep  rates 
are  increased  -50%  on  substitution  of  Nb-3  for  Nb. 

The  creep  rates  were  calculated  for  the  same  composites  at  140MPa,  and  similar  trends 
were  observed,  as  shown  in  Figure  9. 

Figure  10  shows  the  effect  of  the  type  of  silicide  (at  a  volume  faction  on  0.6)  on  the 
creep  rate  for  the  Nb3Si-C,  the  binary  NbsSb,  and  the  complex  NbsSb  -C  silicides  at 
stress  levels  of  140  and  210MPa.  The  results  of  these  calculations  show  the  important 
role  of  the  constitutive  behavior  of  the  silicide.  The  composite  based  on  the  binary 
NbsSi3  has  the  lowest  creep  rate  at  both  stress  levels. 

Figure  11  shows  the  effect  of  the  chemistry  of  the  (Nb)  on  the  creep  rate  for  composites 
constructed  from  the  three  difference  silicides,  NbsSi-C,  the  binary  NbsS^,  and  the 
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complex  Nb5Si3-C  at  a  stress  level  of  140MPa  and  volume  fraction  of  silicide  of  0.6. 
Again  the  results  show  that  the  creep  rates  are  highest  with  the  Nb3Si-C,  and  lowest  with 
the  the  binary  Nb5Si3.  In  addition,  for  all  silicides,  the  creep  rates  were  lower  with  the 
Nb-lSi  than  with  the  Nb-3  (Nb-46Ti-lSi).  This  suggests  that  the  constitutive  behavior  of 
the  (Nb)  at  high  temperature  can  in  fact  play  a  bigger  role  than  has  previously  been 
suggested  [12]. 


Figure  9.  Comparison  of  the  measured  and  calculated  composite  creep  rates  at  140 
MPa  for  the  range  of  (Nb)  and  silicide  solid  solutions  investigated. 


Figure  10.  Predicted  creep  rates  for  140  MPa  and  210  MPa. 


14 


ro 
0 C 
Q. 
fl) 
O 


10“ 


10"  t 


io'  h 


10" 


Nb-3 

Nb 


Nb  Si 

5  3 


Stress  =  140  MPa 
Volume  Fraction  Silicide  =  0.6 


Nb  Si-C 

3 


Silicide-C 

Figure  11.  Effect  of  (Nb)  chemistry  on  composite  creep  rate. 


Figure  8  also  shows  the  effect  of  silicide  volume  fraction  on  creep  rate  at  a  stress  of  210 
MPa.  In  Figure  8  the  measured  creep  rates  are  given  along  with  predicted  creep  rates  for 
various  combinations  of  (Nb)  and  silicide  solid  solutions.  The  measured  creep  rates 
decrease  between  12  and  18%Si  (-0.25  to  -0.7  silicide  volume  fraction).  The  calculated 
creep  rates  also  decrease  with  increasing  Si  concentration  from  12  to  18  %Si,  but  the  rate 
at  which  the  predicted  creep  rates  decrease  is  slower  than  the  rate  at  which  the  measured 
creep  rates  decrease.  There  are  several  possible  reasons  for  this  difference.  First,  in 
addition  to  the  increase  in  the  volume  fraction  of  silicide,  there  is  probably  a  change  in 
the  continuous  matrix  phase  from  (Nb)  to  silicide  at  some  point  between  12  and  18%Si. 
Second,  interface  diffusion  may  play  a  bigger  role  in  the  composites,  whereas  in  the 
monolithic  solid  solutions  creep  was  limited  by  bulk  diffusion. 

In  addition,  in  the  composites  that  contain  Nb:,Si  rather  than  NbsSi3,  the  calculated  creep 
rates  of  the  NbsSi-containing  composites  were  substantially  higher  than  the  creep  rates 
that  were  measured  for  the  DS  Nb-8Hf-25Ti-XSi  alloys.  The  measured  creep  rates  of  the 
NbsSi-containing  composites  are  closer  to  the  calculated  creep  rates  of  the  NbsSi3- 
containing  composites. 


Stochastic  Creep  Modeling 

The  modeling  described  above  takes  a  continuum  approach  to  describing  creep 
deformation.  As  such,  it  provides  considerable  insight  into  the  problems  that  are 
associated  with  the  overall  deformation  of  the  composite  and  allows  for  one  method  of 
prediction  of  the  creep  rate.  However,  the  experimental  studies  also  indicate  that  damage 
contributes  to  the  measured  creep  rate  and  to  develop  a  more  complete  model  of  this 
process  we  need  both  the  continuum  approach  and  an  approach  that  directly  considers 
microstructure  and  damage.  As  part  of  our  research  on  this  program,  we  have  explored 
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the  use  of  stochastic  methods  to  examine  the  problem  of  creep  deformation.  Such  a 
technique  allows  one  to  generate  equivalent  microstructures  and  then  deform  them  in 
selected  ways  by  finite  element  methods. 

The  basic  approach  to  generating  equivalent  microstructures  is  to  perform  the  following 
steps: 

1  An  experimental  micrograph  is  scanned  and  digitized  . 

2  Correlation  coefficients  are  determined  from  the  scanned  image  that  match  the 
volume  fraction  of  the  second  phase  and  other  specific  features  of  the 
microstructure. 

3  An  equivalent  image  is  generated  that  has  the  same  volume  fraction  of  the  various 
phases  as  the  starting  microstructure. 

4  This  microstructure  is  ‘annealed’  until  it  reproduces  the  same  correlation 
coefficients  as  the  starting  structure. 

5  This  process  can  be  repeated  multiple  times  generating  a  series  of  equivalent 
images. 

6  Once  these  images  are  obtained  they  can  be  used  to  obtain  average  mechanical 
properties. 

In  our  studies  to  date  we  have  focused  on  obtaining  equivalent  microstructures.  Figure 
12  shows  a  microstructure  that  has  been  scanned  and  digitized.  The  scanned  image  was 
derived  from  the  left  hand  side  of  Figure  2.  The  digitized  image  shows  a  low-resolution 
discretized  rendition  of  the  initial  image.  Figure  13(a)  shows  a  reconstructed  micrograph 
of  Figure  12  after  it  has  been  “annealed.”  Figures  13  (b)  shows  the  two-point  correlation 
function  for  both  the  original  micrograph  and  the  simulated  image.  It  is  clear  that  they 
match  well;  the  volume  fractions  are  also  similar  for  the  two  images.  Thus,  we  have 
developed  capabilities  to  generate  equivalent  microstructures. 

One  of  the  clear  differences  in  the  simulated  image  and  the  original  micrograph  is  the 
detailed  features  of  the  two.  The  simulated  image  has  produced  a  second  phase  that  is 
essentially  spherical  whereas  the  original  image  has  dendritic  features.  In  future  work  we 
we  may  want  to  impose  certain  restrictions  on  the  simulated  microstructures  to  make 
them  more  equivalent  to  the  experimental  images.  Also  to  date  we  have  dealt  with  only 
two  phase  microstructures;  clearly  for  these  Nb-silicide  based  composites  it  is  also 
important  to  consider  more  complex  structures. 

The  next  step  in  this  research  will  be  to  apply  the  finite  element  calculations  to  these 
simulated  microstructures  and  to  examine  the  damage  that  can  be  generated.  For  these 
calculations  we  will  use  the  mechanical  properties  of  the  monolithic  intermetallics  that 
have  already  been  investigated  in  the  present  study. 

Nb-Silicide  Crystal  Structures 

The  tI32  structure  has  an  ABAB  type  structure  stacked  along  the  [001].  The  structure 
possesses  three  types  of  ‘basal’  planes;  mixed  planes  that  contain  Nb  and  Si  atoms, 
planes  that  contain  only  Nb  atoms,  and  planes  that  contain  only  Si  atoms.  In  the  stacking 
sequence,  an  A  layer  is  considered  as  a  unit  of  4  planes  consisting  of  :  [1]  a  plane  of  Nb 
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and  Si  atoms,  [2]  a  plane  of  Nb  atoms,  [3]  a  plane  of  Si  atoms,  and  [4]  a  second  plane  of 
Nb  atoms.  Similarly,  in  the  B  layer,  layer  1  consists  of  Nb  and  Si  atoms,  but  the  Si  atoms 
are  rotated  30°  with  respect  to  the  Si  atoms  of  the  first  layer  of  the  A  layer,  plane  [2]  of 
the  B  layer  is  the  same  as  plane  [4]  of  the  A  layer,  plane  [3]  of  the  [B]  layer,  an  all  Si 
layer,  is  the  same  as  plane  [3]  of  the  A  layer,  and  plane  [4]  of  the  B  layer,  an  all  Nb  layer, 
is  the  same  as  plane  [2]  of  the  A  layer.  The  ABAB  stacking  sequence  is  illustrated  in 
Figure  14. 


Figure  12.  Scanned  and  digitized  microstructure  used  for  the  stochastic  simulation. 


Figure  13(a)  Reconstructed  micrograph  of  Figure  12  after  simulation  “annealing.” 
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Figure  14.  Diagram  showing  the  Nb^S^  tI32  crystal  structure  (low  temperature 
equilibrium  form). 
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Figure  15.  Diagram  showing  the  (Nb)sSi3  hP16  crystal  structure  that  is  stabilized  by 
additions  of  Hf  and  Ti. 

The  hP16  structure  is  shown  in  Figure  15.  It  consist  of  a  2  layer  type  structure  stacked 
along  the  [0001]  direction  consisting  of  Nb-only  layers,  and  mixed  layers  of  Nb  and  Si 
atoms.  There  are  no  Si-only  planes  as  in  the  case  of  the  tI32  structure.  The  A  type 
stacking  unit  consists  of  1  layer  of  a  Nb-only  plane  and  1  layer  of  a  Nb+Si  plane.  In  the 
A  and  B  layers  the  Nb-only  planes  are  the  same,  but  in  the  mixed  plane  the  Si  and  Nb 
atoms  fill  interstices  that  are  displaced  with  respect  to  those  in  the  mixed  layer  of  the  A 
unit.  The  stacking  sequence  can  again  by  described  by  an  ABAB  type  sequence.  The 
crystal  structure  is  much  simpler  than  the  tI32  structure  and  it  probably  possesses  a  much 
smaller  Burgers  vector. 


Microstructural  Analyses  of  the  Eutectic  Phase  Transformation  in  Complex  DS  Nb- 
Silicide  In-Situ  Composites 

The  use  of  Hf  and  Ti  alloying  additions  to  these  silicides  has  also  been  examined,  but 
there  is  relatively  little  data  on  solid-state  phase  equilibria.  In  these  systems  NbsSis  has 
been  observed  with  the  hP16  structure  when  the  Hf  and  Ti  concentrations  are  high.  The 
hP16  structure  is  shown  in  Figure  15.  The  present  section  describes  EBSD  analyses  of  a 
DS  Nb-silicide  based  composite  that  experienced  a  eutectoid  transformation. 

The  microstructure  of  a  composite  directionally  solidified  from  a  Nb-12.5Hf-33Ti-16Si 
alloy  is  shown  in  Figure  16.  In  the  as-DS  condition  the  microstructure  consisted  of 
primary  (Nb^Si  dendrites  and  coarse  (Nb)3Si-(Nb)  two-phase  cells.  There  was  also  a 
fine-scale  intercellular  (Nb)5Si3-(Nb)  eutectic.  After  creep  testing  partial  eutectoid 
decomposition  of  the  eutectic  (Nb)3Si  to  (Nb)5Si3  +  (Nb)  has  occurred,  as  shown  in 
Figure  16(b).  This  is  analogous  to  the  eutectoid  phase  transformation  that  occurs  in  the 
binary  Nb-Si  system,  where  NbsSi  is  metastable  and  decomposes  to  Nb  and  (Nb)sSi3 
below  1750°C.  A  typical  micrograph  showing  partial  eutectoid  phase  transformation  of 
Nb-19Si  is  shown  in  Figure  17. 

EBSD  analyses  indicate  that  the  complex  (Nb^Si  has  decomposed  by  a  eutectoid 
reaction,  where  the  products  of  the  reaction  are  (Nb)  and  hP16  (Nb^S^.  This  is  an 
unexpected  result,  because  the  binary  and  ternary  phase  diagrams  would  lead  one  to 
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expect  tI32  (Nb^S^.  It  is  also  surprising  that  the  eutectoid  has  occurred  at  what  are 
relatively  low  temperatures  for  these  composites.  It  appears  that  in  the  complex  alloy 
where  the  Ti  and  Hf  concentrations  are  high,  stabilization  of  the  hP16  occurs  in 
preference  to  the  tI32  structure.  The  hP16  (Nb^S^  may  offer  a  lower  nucleation  energy 
for  the  eutectoid  hP16  Nb^Sh  than  for  the  tI32. 


Figure  16.  Backscatter  electron  images  (BEI)  at  (a)  low  and  (b)  high  magnifications. 

The  figure  shows  the  transverse  section  of  the  DS  Nb-12.5Hf-33Ti-16Si,  showing  the 
primary  (Nb)  dendrites  (1),  the  primary  (Nb^Si  dendrites,  and  the  fine-scale  (Nb^S^- 
(Nb)  interdendritic  eutectic  (2);  the  as-DS  eutectic  (Nb^S^  has  the  hP16  structure.  The 
(Nb)3Si-(Nb)  coarse  eutectic  can  be  seen  at  the  upper  left  comer  (1).  A  eutectoid 
reaction,  (Nb)3Si<-*(Nb)5Si3+(Nb),  4,  has  occurred  by  nucleation  on  the  interface  between 
the  eutectics  along  the  silicide  arms;  the  transformation  has  proceeded  into  the  (Nb^Si. 


Figure  17.  Partial  eutectoid  phase  transformation  in  binary  Nb-19Si. 
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The  following  phase  orientation  relationships  were  observed:  The  faceted  primary 
(Nb)3Si  dendrites  at  cell  cores  have  the  same  [001]  orientation  as  eutectic  (Nb^Si. 
The  (Nb)sSi3  in  the  fine-scale  eutectic  exhibits  a  range  of  orientations  in  intercellular 
regions.  The  [0001]  in  the  hP16  (Nb)5Si3  and  the  [001]  (Nb)3Si  are  parallel  in  several 
areas.  The  eutectoid  hP16  (Nb)sSi3  grows  epitaxially  with  the  fine-scale  eutectic 
(Nb)5Si3. 


4.  Summary 

This  study  has  described  the  creep  behavior  of  Nb-silicide  based  in-situ  composites.  The 
creep  behavior  of  composites  from  model  quaternary  alloys  and  monolithic  phases  has 
been  described.  The  creep  rates  of  the  composites  from  the  quaternary  Nb-Hf-Ti-Si 
alloys  decreased  with  increasing  Si  concentration  from  12  to  18%,  and  increasing  silicide 
volume  fraction  from  0.25  to  0.71.  At  higher  Si  concentrations,  the  creep  rate  increased 
as  a  result  of  crack  linking  and  damage  accumulation  in  the  silicides. 

Of  the  intermetallics  investigated,  the  NbsSb  type  silicides  had  the  lowest  creep  rates. 
The  hP16  silicide  phases  have  higher  secondary  creep  rates  than  any  of  the  tetragonal 
silicides,  or  the  T2  phases,  at  stresses  greater  than  140  MPa.  Analysis  of  the  creep 
exponents  suggests  that  deformation  of  the  complex  NbsS^  type  silicide  is  probably 
controlled  by  Nabarro-Herring  type  creep,  as  is  the  binary  NbsSi3  silicide.  In  contrast, 
creep  of  the  Nb3Si  silicide  appears  to  be  controlled  by  a  dislocation  controlled  mechanism. 
The  (Nb)  solid  solutions  have  creep  rates  that  are  more  than  an  order  of  magnitude  higher 
than  either  the  intermetallics  or  the  composites  that  were  investigated.  Ti  additions  have  a 
significant  effect  on  the  (Nb)  creep  properties. 


Modeling  results  and  experimental  data  from  the  monolithic  silicides  and  Nb  solid 
solutions  indicate  that  at  low  Si  concentrations  the  creep  deformation  is  dominated  by  the 
(Nb),  but  as  the  Si  concentration  is  increased,  and  the  silicide  volume  fraction  is 
increased,  the  composite  creep  performance  is  controlled  by  the  silicide.  However,  the 
model  underestimates  the  effect  of  increasing  volume  fraction  of  the  silicide  on  creep 
rate. 
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8.0  Technology  T ransfers  and  T ransitions 

The  niobium  silicide  based  composites  that  are  being  investigated  in  this  program  are 
targeted  for  aircraft  engine  applications.  The  objective  of  the  present  research  is  to 
develop  initial  predictive  creep  modeling  capability  for  these  high-strength  in-situ 
composites.  The  ability  to  predict  the  creep  rate  and  the  stress  sensitivity  of  creep  rate  is 
required. 

The  predictive  creep  model  developed  in  the  present  program  has  been  employed  to 
identify  the  correct  constituent  phased  for  optimization  of  creep  performance.  The  near- 
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term  application  of  these  composites  is  for  the  Integrated  High  Performance  Turbine 
Engine  Technology  (IHPTET)  joint  services  (Air  Force,  Navy,  Army,  and  NASA) 
program.  The  team  of  GE  Aircraft  Engines  and  Allison  Advanced  Development 
Company  has  selected  these  Nb-base  silicide  intermetallic  composites  for  the  proposed 
full  demonstration  of  IHPTET  Phase  HI  goals  as  the  primary  material  for  the  high 
pressure  turbine  (HPT)  blades. 


Primary  Contact: 


Bernard  P.  Bewlay 

GE  Corporate  Research  and  Development 
PO  Box  8 

Schenectady,  NY 12301 
Tel:  518  387  6121 
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High-temperature  In  Situ  Composites:  Processing  and  Properties 


3.22.1  INTRODUCTION 

This  chapter  describes  the  processing  and 
properties  of  high-temperature  in  situ  com¬ 
posites  based  on  refractory  metals  and  refrac¬ 
tory  metal  silicides.  These  in  situ  composites 
consist  of  high-strength,  high  melting  tempera¬ 
ture  Nb-based  silicides  together  with  a  high 
melting  temperature,  modest  strength,  high¬ 
toughness  Nb-based  metallic  phase.  These  com¬ 
posites  offer  an  excellent  balance  of  high-  and 
low-  temperature  mechanical  properties  with 
promising  environmental  resistance  at  tempera¬ 
tures  above  1000  °C.  A  range  of  processing 
schemes  has  been  used  to  generate  these  in  situ 
composites  including  solidification,  vapor 
phase,  and  thermomechanical  processes.  Solidi¬ 
fication  processing  techniques  that  have  been 
used  include  directional  solidification  and  arc 
melting.  Directional  solidification  has  been  per¬ 
formed  using  Czochralski,  Bridgman,  and  zone 
refining  techniques.  Composites  have  been  gen¬ 
erated  from  alloys  with  melting  temperatures  up 
to  2250  °C.  Composite  characteristics  that  will 
be  described  include  microstructures,  phase  sta¬ 
bility,  mechanical  properties,  and  oxidation  re¬ 
sistance.  The  high-temperature  strength,  creep 
rupture  properties,  and  oxidation  behavior  of 
these  refractory  metal  in  situ  composites  will  be 
compared  with  both  those  of  the  most  recent 
Ni-based  superalloys  and  material  property 
goals  for  future  aircraft  engines. 

The  efficiency  of  current  gas  turbine  engines 
is  limited  by  the  maximum  turbine  inlet  tem¬ 
perature  (Subramanian  et  al ,  1996;  Jackson 
et  al .,  1996)  that  in  turn  is  restricted  by  the 
capability  of  present  day  Ni-based  superalloys. 
Superalloys  are  presently  used  up  to  maximum 
surface  temperatures  of  ~1150°C.  For  further 
improvements  in  thrust  to  weight  ratio,  new 
materials  with  improved  high-temperature 
properties,  such  as  strength,  creep  performance, 
and  environmental  properties,  are  required. 
During  the  1990s,  the  potential  of  intermetallic 
compounds  with  low  densities,  high  elastic 
moduli,  and  high  melting  ranges  (Subramanian 
et  al. ,  1994,  1996,  1997;  Jackson  et  al ,  1996; 
Dimiduk  et  al. ,  1993;  Mendiratta  et  al. ,  1991; 
Mendiratta  and  Dimiduk,  1993;  Bewlay  et  al. , 
1996,  1997a,  1997c;  Anton  and  Shah,  1992)  has 
been  explored.  However,  the  poor  intrinsic 
toughness  of  monolithic  intermetallics  is  such 
that  their  application  in  aircraft  engine  compo¬ 
nents  is  not  possible.  However,  a  solution  to  this 
problem  is  to  combine  intermetallic  materials 
with  metallic  second  phases  in  order  to  generate 
composites  with  toughness  levels  that  are  suffi¬ 
cient  for  component  applications  (Subrama¬ 
nian  et  al. ,  1994,  1996,  1997;  Jackson  et  al. , 
1996;  Dimiduk  et  al. ,  1993;  Mendiratta  et  al. , 


1991;  Mendiratta  and  Dimiduk,  1993;  Bewlay 
et  al. ,  1996,  1997a,  1997b).  This  composite 
approach  is  being  used  to  improve  the  low- 
temperature  fracture  toughness  of  intermetal- 
lic-based  composites  and  thereby  generate  a 
material  with  a  combination  of  attractive 
high-temperature  properties  and  acceptable 
low-temperature  properties.  In  this  arena,  Nb~ 
Si  in  situ  composites  that  consist  of  a  Nb-based 
solid  solution,  (Nb),  with  Nb3Si  and/or  Nb5Si3 
silicides  have  been  shown  to  have  great  poten¬ 
tial  because  of  their  attractive  balance  of  high 
and  low  temperature  mechanical  properties  (Di¬ 
miduk  et  al. ,  1993;  Subramanian  et  al .,  1997; 
Mendiratta  et  al. ,  1991;  Mendiratta  and  Dimi¬ 
duk,  1993;  Bewlay  et  al ,  1996,  1997c).  These  in 
situ  composites  also  possess  long-term  morpho¬ 
logical  and  chemical  stability  at  temperatures 
up  to  1500  °C  (Subramanian  et  al. ,  1994,  1996, 
1997;  Jackson  et  al. ,  1996;  Dimiduk  et  al. ,  1993; 
Mendiratta  et  al,  1991,  Mendiratta  and  Dimi¬ 
duk,  1993).  Unfortunately,  the  composites  from 
binary  Nb-Si  alloys  have  very  poor  oxidation 
resistance,  and  elements  that  are  added  to  these 
composites  to  improve  oxidation  resistance  can 
compromise  high  temperature  mechanical 
properties  in  the  case  of  inappropriate  alloy 
selection  (Subramanian  et  al,  1994,  1996;  Jack- 
son  et  al,  1996;  Bewlay,  Lewandowski  et  al, 

1997) .  However,  from  model  binary  Nb-Si  al¬ 
loys,  whole  families  of  ternary,  quaternary,  and 
higher  order  alloys  have  been  developed  to  gen¬ 
erate  in  situ  composites  with  improved  oxida¬ 
tion  properties  (Subramanian  et  al,  1994,  1996; 
Bewlay  et  al,  1996,  1997a,  1997b). 

Historically,  developments  based  on  Nb  have 
offered  significant  gains  in  temperature  capabil¬ 
ity  of  aerospace  components  due  to  the  high 
melting  temperatures  of  niobium  alloys,  rela¬ 
tively  low  densities,  low  ductile-brittle  transi¬ 
tion  temperature,  and  stable  oxide  (Buckman, 

1998) .  There  are  two  principal  deficiencies  of 
niobium-based  systems  at  high  temperature, 
first  inadequate  high-temperature  mechanical 
behavior,  and  second,  catastrophic  oxidation 
resistance  (Subramanian  et  al,  1994;  Buckman, 
1998).  Earlier  research  has  suggested  that  for 
Nb  alloys  to  have  useful  high-temperature 
strength  they  will  have  to  be  strengthened  by 
both  solid  solution  strengthening  elements  and 
dispersoids  (Buckman,  1998).  However,  nio¬ 
bium  silicide-based  composite  approaches 
have  been  shown  to  provide  substantial  im¬ 
provements  in  both  high-temperature  mechan¬ 
ical  behavior  and  oxidation  resistance  of 
niobium-based  systems,  such  that  they  are 
now  being  considered  for  application  in  the 
highest  performance  gas  turbines. 

Three  decades  ago  there  was  intense  activity 
in  directionally  solidified  (DS)  eutectics  for 
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structural  applications  such  as  jet  engine  tur- 
bine  blades  (Bibring,  1973).  The  development  of 
these  eutectics  relied  on  a  rich  knowledge  of  Ni- 
and  Co-base  superalloys  for  the  strong,  ductile 
composite  matrices.  Strengthening  of  these 
crystallographically-oriented  matrices  was  ac¬ 
complished  with  both  lamellar  intermetallic 
compounds  (at  Pratt  and  Whitney /United 
Technologies  Research  Center)  and  fibrous 
monocarbides  TaC,  TiC,  and  NbC  (at 
ONERA  and  at  General  Electric)  (Lemkey 
and  Thompson,  1971;  Khan,  1979;  Walter  and 
Kline,  1973;  Jackson  et  al.,  1982).  ONERA 
initiated  the  development  of  monocarbide-rein¬ 
forced  fiber  composite  materials,  concentrating 
on  Co-base  systems  with  TaC  fiber  reinforce¬ 
ment.  As  designs  required  greater  strength  at 
intermediate  temperatures,  Co  was  replaced  by 
Ni-based  y’-strengthened  matrices. 

Aligned  eutectics  could  be  produced  in 
chemistries  almost  as  complex  as  the  multiele¬ 
ment  superalloys,  and  subsequent  studies  at 
ONERA,  GE,  NASA,  and  DLR  demonstrated 
that  carbide  stability  in  thermal  cycling  was 
excellent  for  a  broad  range  of  composite  che¬ 
mistries  (Woodford,  1976;  Stohr,  1979).  Efforts 
at  GE  Aircraft  Engines  (GEAE),  GE-CRD,  and 
at  ONERA,  included  alloying  with  Re,  uncom¬ 
mon  then  in  superalloy  systems  (Smashey, 
1974).  These  eutectics  (particularly  NiTaC-13, 
NiTaC-14,  and  CoTaC  744)  were  extremely 
strong  ( >  120  MPa  for  1000  h  at  1 100  °C),  with 
rupture  capability  far  beyond  any  superalloy  at 
that  time. 

Achieving  excellent  high-temperature 
strength  in  the  aligned  monocarbide  eutectics 
was  only  the  first  of  many  requirements. 
Through  iterative  alloy  approaches,  oxidation 
and  fatigue  behaviors  were  improved,  trans¬ 
verse  ductility  was  improved  with  boron  addi¬ 
tions,  and  matrix  instability  during  cyclic 
thermal  exposure  was  reduced  for  retention 
of  the  excellent  eutectic  properties  (Gigliotti 
et  al.,  1982).  In  production  trials  of  airfoils, 
melt-mould  reactions  at  1400-1600  °C  during 
directional  solidification  caused  nucleation  of 
carbide  particles  at  the  ceramic-metal  interface, 
which  when  fractured,  created  surface  cracks. 
These  carbide  particles  also  perturbed  the  local 
aligned  microstructure  that  was  required  for 
DS  eutectic  properties.  However,  by  modifica¬ 
tion  of  the  eutectic  chemistry,  strong,  stable 
composites  were  generated  with  minimal  sur¬ 
face  reaction. 

Although  engine  tests  were  successful  (Buck- 
man,  1998;  Bibring,  1973;  Lemkey  and  Thomp¬ 
son,  1973;  Khan,  1979;  Walter  and  Cline,  1973; 
Jackson  et  al.,  1982;  Woodford,  1976;  Stohr, 
1979;  Smashey,  1974;  Gigliotti  et  al.,  1982; 
Bruch  et  al.,  1979;  Rabinovitch  and  Hauser, 


1979;  Cetel  et  al.,  1979;  Menzies  et  al.,  1988), 
both  for  solid  and  hollow  blades,  at  SNECMA 
with  the  ONERA  CoTaC  744,  at  GE  with 
NiTaC13  and  NiTaC14B,  and  at  Pratt  and 
Whitney  with  lamellar  composites,  there  were 
mass  production  difficulties  with  these 
eutectics.  The  low  solidification  rates  required 
for  aligned  growth  (typically  <2cmh_r)  and 
the  small  numbers  of  parts  per  furnace  run, 
resulted  in  a  large  number  of  furnaces  for  the 
necessary  production  volumes.  The  furnace 
investment  was  too  high  and  the  return  on 
investment  too  low  to  make  this  technology 
an  attractive  business  proposition. 

Structural  eutectics  research  was  a  15-year 
development,  typical  of  the  development  time- 
frame  in  structural  materials  where  safety  con¬ 
siderations  in  the  final  component  application 
are  critical.  The  long-term  commitment  to  the 
research  required  great  patience  on  the  part  of 
those  who  performed  the  studies  and  on  the 
part  of  those  who  funded  the  efforts.  Although 
eutectic-based  superalloys  are  not  actually  used 
in  the  late  1990s,  the  spin-offs  from  the  eutectics 
research  in  single  crystal  superalloy  chemistry 
and  casting  technologies  are  at  the  heart  of  jet 
engines.  The  strengths  of  the  DS  eutectic  alloys 
from  the  early  1980s  have  yet  to  be  exceeded  by 
the  best  single  crystal  superalloys,  almost  two 
decades  later. 

The  aim  of  this  chapter  is  to  review 
microstructures,  phase  chemistries,  fracture 
toughness,  oxidation  characteristics,  high- 
temperature  mechanical  behavior,  and  low- 
temperature  fatigue  properties  of  a  new  class 
of  in  situ  composites,  refractory  metal-interme- 
tallic  composites  (RMICs). 


3.22.2  PROCESSING 

A  range  of  processing  approaches  has  been 
used  to  generate  Nb-based  RMICs,  including 
arc  casting  (Subramanian  et  al.,  1994,  1996, 
1997;  Dimiduk  et  al.,  1993;  Mendiratta„et  al., 
1991;  Mendiratta  and  Dimiduk,  1993;  Rigney 
et  al.,  1994;  Weiss  et  al.,  1994a,  1994b),  direc¬ 
tional  solidification  (Jackson  et  al.,  1996;  Bew- 
lay  et  al,  1994a,  1995a,  1996,  1997a,  1997e; 
Pope  et  al.,  1994;  Shah  et  al.,  1995;  Johnson 
et  al.,  1993),  physical  vapor  deposition  (Gi¬ 
gliotti  et  al.,  1992),  forging  (Weiss  et  al., 
1994b),  and  extrusion  (Subramanian  et  al., 
1997;  Mendiratta  et  al.,  1991;  Mendiratta  and 
Dimiduk,  1993;  Bewlay  et  al.,  1996,  1997c). 
Powder  metallurgy  (see  Chapter  3.25,  this  vo¬ 
lume)  and  foil-laminate  processing  (see  Chapter 
3.24,  this  volume)  (Jackson  et  al.,  1994,  1995, 
1996;  Rowe  et  al.,  1994;  Kajuch  et  al.,  1992, 
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1995)  approaches  have  also  been  employed. 
Each  of  the  above  processes  provides  a  charac¬ 
teristic  microstructure. 

Solid-liquid  processing  of  these  high-tem- 
perature,  reactive  materials  is  severely  limited 
by  the  availability  of  suitable  mold  materials. 
As  a  result,  cold-crucible  methods  have  been 
adopted.  The  most  widely  used  methods  for 
these  RMICs  include  arc  melting  plus  extru¬ 
sion,  and  directional  solidification.  The  direc¬ 
tional  solidification  techniques  that  have  been 
employed  include  float  zone  (Pope  et  al.,  1994; 
Shah  et  al.,  1995;  Johnson  et  al.,  1993),  Bridg¬ 
man  and  Czochralski  methods.  These  two  ap¬ 
proaches  will  be  described  in  the  following 
sections. 


3.22.2.1  Vacuum  Arc  Melting 

Consumable  and  nonconsumable  vacuum 
arc  melting  techniques  have  been  used  to  pro¬ 
duce  RMICs  from  binary  Nb-Si  and  higher 
order  alloys  containing  Hf,  Mo,  Ta,  Ti,  Cr, 
and  Al  (Subramanian  et  al.,  1994,  1997;  Dimi- 
duk  et  al.,  1993;  Mendiratta  et  al.,  1991;  Men- 
diratta  and  Dimiduk  1993;  Bewlay  et  al., 
1997c).  Consumable  arc  melting  has  been  used 
to  produce  ingots  with  diameters  up  to  75  mm, 
and  up  to  ~  150  mm  long.  Typically,  these  ma¬ 
terials  have  been  subjected  to  subsequent  con¬ 
solidation  by  hot  isostatic  pressing  and/or  hot 
extrusion.  The  vacuum  arc  melting  approach 
has  the  advantages  of  producing  ingots  large 
enough  for  prototype  component  manufacture, 
and  it  is  also  compatible  with  well-established 
conventional  processing  techniques.  However, 
it  has  the  disadvantages  of  possessing  poor 
solidification  control,  randomly  oriented  com¬ 
posite  structures,  and  a  population  of  relatively 
large-scale  defects. 

RMICs  that  consist  of  approximately 
equiaxed  structures  of  a  (Nb)  and  a  (Nb)  silicide 
have  been  evaluated  in  the  extruded  plus  heat- 
treated  conditions  (Subramanian  et  al.,  1994, 
1997;  Dimiduk  et  al.,  1993;  Mendiratta  et  al., 
1991;  Mendiratta  and  Dimiduk,  1993;  Bewlay 
et  al.,  1997c).  Extrusions  have  been  produced 
by  machining  consumable  arc  melted  large  cast¬ 
ings  to  a  diameter  of  ~  70  mm  and  placing  them 
in  Mo  cans  with  a  wall  thickness  of  ~6mm. 
Prior  to  extrusion,  the  canned  ingots  were 
heated  in  an  induction  furnace  to  a  temperature 
between  1400  and  1600°C  and  extruded 
through  tool  steel  dies  maintained  at  260  °C  at 
extrusion  ratios  in  the  range  3-10.  This  scheme 
provides  a  composite  microstructure  aligned 
with  the  extrusion  direction  and  an  acceptable 
process  yield.  Depending  on  the  Si  concentra¬ 


tion,  the  volume  fraction  of  silicide  phase  has 
been  adjusted  over  the  range  of  0.25-0.45. 
Extrusion  of  bar  stock  for  eventual  machining 
of  turbine  vanes  and  blades  is  an  approach 
similar  to  that  used  for  ODS  Ni  superalloy 
airfoils,  such  as  INCO  alloys  MA754  or 
MA6000. 


3.22.2.2  Directional  Solidification:  Float  Zone 
Processing 

Directional  solidification  of  RMICs  has  been 
performed  using  an  optical  imaging  float  zone 
process  (OIFZ)  by  Pope  et  al.  (1994)  and  Shah 
et  al.  (1995).  This  float  zone  method  is  derived 
from  the  zone  melting  technique  of  Pfann  (1966) 
where  a  small  volume  of  material,  in  a  relatively 
large  rod-type  charge,  is  melted  and  then  the 
molten  zone  is  translated  along  the  rod.  The 
molten  zone  is  retained  in  position  by  surface 
tension  between  two  co-linear  rods  of  the  same 
alloy,  and  as  a  result  a  crucible  is  not  required  to 
retain  the  melt.  The  system  described  by  Pope 
et  al.  (1994)  consists  of  two  3.5  kw  tungsten 
halogen  lamps  enclosed  in  a  double  ellipsoidal, 
water-cooled,  copper  chamber,  as  shown  sche¬ 
matically  in  Figure  1(a).  Pope  et  al.  (1994) 
reported  directional  solidification  of  a  range 
of  RMICs  and  monolithic  intermetallic  com¬ 
pounds  using  the  OIFZ  technique. 

In  addition  to  the  optical  imaging  heat 
source,  induction  heating  and  electron  beam 
heating  sources  have  been  used  for  directional 
solidification  of  high-temperature  composite 
materials  (Johnson  et  al.,  1993).  Electron 
beam  heating  sources  are  not  preferred  for 
high-temperature  materials  because  this  heat¬ 
ing  method  requires  a  high  vacuum  and  it  is 
therefore  difficult  to  use  with  alloys  that  con¬ 
tain  species  with  a  high  vapor  pressure.  Induc¬ 
tion  heating  float  zone  processing  requires  the 
sample  to  be  a  conductor,  but  it  has  the  advan¬ 
tage  that  the  electromagnetic  levitation  forces 
may  be  used  to  contain  the  molten' zone  and 
thereby  allow  the  growth  of  samples  with  a 
larger  diameter  (Johnson  et  al.,  1993). 

Pope  et  al.  (1994)  also  discussed  the  advan¬ 
tages  and  disadvantages  of  the  OIFZ  approach 
in  more  detail.  The  principal  advantages  of  this 
approach  are  that  it  is  very  clean  and  it  is 
capable  of  working  with  a  range  of  different 
materials.  There  are  several  disadvantages  of 
the  OIFZ  technique.  First,  the  specimen  size  is 
limited  by  a  compromise  between  liquid  surface 
tension  and  the  hot  zone  dimension  (in  this 
regard  induction  heating  can  also  offer  addi¬ 
tional  flexibility).  Second,  the  starting  material 
must  possess  a  high  level  of  homogeneity. 
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Figure  1  Schematic  diagrams  of  directional  solidification  approaches  for  RMICs  and  recent  technological 
developments,  (a)  OIFZ  processing  (Pope  et  al.,  1994),  (b)  cold  crucible  Czochralski  directional  solidifica¬ 
tion,  and  (c)  cold  crucible  Bridgman-type  directional  solidification. 


Third,  evaporation  of  volatile  species,  such  as 
Cr,  and  condensation  on  the  furnace  tube,  can 
lead  to  attenuation  of  the  heat  input  from  the 
optical  source  and  destabilization  of  the  direc¬ 
tional  solidification  conditions.  For  small  scale 
samples  the  advantages  appear  to  outweigh  the 
disadvantages.  However,  the  scale-up  issues  for 
float  zone  directional  solidification  of  RMICs 
have  not  yet  been  defined. 


3.22.2.3  Directional  Solidification: 

Czochralski  Methods 

DS  ingots  have  been  produced  using  Czo¬ 
chralski  crystal  growth  from  an  induction  levi¬ 
tated  melt  using  growth  rates  of  0.5—  15  mm 
min-1.  This  process  is  shown  schematically  in 
Figure  1(b).  A  broad  range  of  Nb-based  RMICs 
with  melting  points  up  to  ~2300°C  (Bewlay 
et  al.,  1994a,  1995a,  1997c;  Chang  et  al. ,  1992) 
has  been  produced.  The  alloys  were  induction 
levitation  melted  in  a  segmented  water-cooled 
copper  crucible.  This  is  a  flexible  method  and  it 
has  been  used  for  high-temperature  alloys,  such 
as  Nb-Si,  Cr-Si,  Cr-Nb,  Mo-Si  and  higher 
order  alloys  derived  from  these  binary  systems. 
Samples  up  to  ~  15  mm  diameter  and  >  100  mm 
long  have  been  directionally  solidified  using  the 


Czochralski  approach.  The  process  has  been 
described  in  further  detail  elsewhere  (Chang 
et  al.,  1992;  Bewlay  et  al.,  1994a,  1994b).  Typi¬ 
cally,  high  purity  elements  (>99.99%)  have 
been  used  for  preparation  of  these  composites, 
because  great  attention  to  the  interstitial  level  is 
required. 

For  mechanistic  studies  of  creep  behavior 
(see  Chapter  3.14,  this  volume),  directional  so¬ 
lidification  provides  excellent  control  of  micro- 
structure  and  chemistry  in  samples  with  low 
defect  concentration  and  size.  Directional  soli¬ 
dification  also  has  great  potential  as  a  small 
solid  airfoil  manufacturing  technique.  The  in¬ 
gots  can  be  machined  into  airfoil  configura¬ 
tions,  as  is  the  practice  for  ODS  Ni  alloys.  At 
present  there  is  limited  experience  in  providing 
components  with  cooling  channels  using  this 
technique. 


3.22.2.4  Directional  Solidification: 

Bridgman  Methods 

Bridgman  methods  have  been  used  for  direc¬ 
tional  solidification  of  in  situ  composites  using 
segmented  water-cooled  copper  crucibles.  This 
approach  has  effectively  produced  DS  ingots 
with  diameters  up  to  35  mm,  although  the  struc- 
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Figure  2  Scanning  electron  micrograph  of  the  longitudinal  section  of  a  DS  Nb-silicide  based  composite 

Nb-14%Si. 


ture  is  not  as  consistent  as  in  samples  produced 
using  the  Czochralski  method.  In  the  Bridgman 
approach  the  water-cooled  copper  crucible  is 
withdrawn  in  a  controlled  manner  through 
an  electromagnetic  field  that  is  used  to  induc¬ 
tion  levitation  melt  the  alloy  charge  in  the  cru¬ 
cible.  This  process  is  shown  schematically  in 
Figure  1(c). 


3.22.3  MICROSTRUCTURE  AND  PHASE 
STABILITY 

3.22.3.1  Microstructures  and  Phase 
Chemistries 

The  basis  for  the  niobium-niobium-silicide 
composites  is  the  Nb-rich  side  of  the  Nb~Si 
phase  diagram  where  there  is  a  eutectic  between 
Nb3Si  and  (Nb)  (Massalski,  1991;  Mendiratta 
and  Dimiduk,  1991).  This  eutectic  occurs  at 
1880°C  and  18.2Si.  There  is  also  a  eutectoid 
of  the  form  Nb3Si  -►  (Nb)  +  Nb5Si3  (Mas¬ 
salski,  1991;  Mendiratta  and  Dimiduk,  1991). 
(Nb)-Nb3Si  and  (Nb)-NbsSi3  composites  have 
been  prepared  by  arc-melting,  as  well  as  direc¬ 
tional  solidification,  of  binary  Nb-Si  alloys 
(Bewlay  et  al .,  1995b)  with  compositions  from 
10  to  25  Si;  all  compositions  are  given  in  atom 
percent  throughout  this  chapter.  A  typical  com¬ 
posite  from  a  DS  Nb-14  Si  alloy  is  shown  in 
Figure  2.  The  microstructure  consists  of  (Nb) 
dendrites  with  an  interdendritic  Nb3Si-(Nb) 
eutectic.  In  these  high-strength  in  situ  compo¬ 


sites  the  (Nb)  provides  extrinsic  toughening; 
there  is  no  intrinsic  ductility  in  the  silicide  at 
room  temperature.  The  Nb5Si3  and  Nb3Si  have 
tI32  and  tP32  crystal  structures,  respectively. 
Analogous  ternary  Nb-Ti-Si  alloy  composites 
have  also  been  investigated  (Subramanian  et  al. , 
1997;  Bewlay  et  al. ,  1994a,  1995b,  1997c);  a 
typical  microstructure  of  a  DS  ternary  Nb- 
Ti-Si  alloy  composite  is  also  shown  in 
Figure  3(a)  and  (b);  it  consists  of  interpenetrat¬ 
ing  dendrites  of  the  (Nb)  and  Nb3Si  in  the 
composite,  with  dendrite  cross-sections  of  the 
order  of  5-50  pm  wide. 

A  range  of  complex  Nb-silicide  composites 
has  also  been  generated  from  multielement  Nb 
alloys.  Figure  3(c)  shows  a  typical  scanning 
electron  micrograph  (backscatter  electron 
(BSE)  imaging)  of  a  longitudinal  section  of  a 
specific  metal  and  silicide  composite  (MASC) 
microstructure  for  which  a  broad  range  of 
properties  have  been  reported  (Bewlay  et  al 
1997b).  This  composite  was  derived  from  the 
binary  Nb-16Si  composition  (Chang  et  al ., 
1992;  Bewlay  et  al. ,  1994a,  1995b).  It  contained 
both  metallic  and  M3Si  intermetallic  dendrites, 
a  small  amount  of  an  M5Si3  intermetallic 
(where  M  represents  Nb,  Ti  and  Hf),  and  an 
interdendritic  eutectic  of  silicide  and  metal.  In 
this  regard,  it  is  entirely  analogous  to  hypereu¬ 
tectic  binary  Nb-Si  and  ternary  Nb-Ti-Si 
composites  reported  previously  (Chang  et  al ., 
1992).  The  M3  Si  dendrites  possessed  the  dis¬ 
tinctive  faceted  morphology  that  has  been  re¬ 
ported  previously  in  the  binary  hypereutectic 
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Scanning  electron  micrographs  of  (a)  the  longitudinal  section  of  DS  Nb-27Ti-16Si,  (b)  the 
section  of  Nb-27Ti-16Si,  (c)  the  longitudinal  section  of  the  DS  MASC  (after  Bewlay, 

Lewandowski  et  al.,  1997). 
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Figure  4  Typical  microstructure  (BSE  image)  of  the  transverse  section  of  a  DS  composite  generated  from  a 
quaternary  Nb-16Ti-8Hf-16Si  alloy  at  a  growth  rate  of  5mm  min-1.  The  (Nb)  is  the  dark  phase  and  the 

M3Si  is  the  light  phase. 


binary  Nb-Si  alloys  and  the  ternary  Nb-Ti-Si 
composites  (Bewlay  et  al.,  1995b,  1997b).  The 
metallic  and  intermetallic  dendrites  of  the 
MASC  were  aligned  with  the  growth  direction. 

There  have  been  several  detailed  studies  of 
microtexture  in  Nb-silicide  based  composites 
of  binary  and  higher  order  alloys  in  the  as- 
extruded  and  DS  conditions  (Bewlay  and  Su- 
tliff,  1998;  Sutliff  and  Bewlay,  1996).  Texture  of 
the  phases  has  a  significant  effect  on  the  me¬ 
chanical  properties  of  these  in  situ  composites. 
The  microtexture  of  Nb-Si  binary  composites 
in  the  as-DS,  DS  +  heat-treated,  and  arc-cas- 
t  +  extruded  +  heat-treated  conditions  has 
been  determined  using  the  Electron  Back  Scat¬ 
tering  Pattern  (EBSP)  technique  for  electron 
diffraction  in  the  scanning  electron  microscope. 
In  the  DS  composite,  the  primary  (Nb)  den¬ 
drites  had  little  texture,  but  in  the  eutectic/eu- 
tectoid  (Nb)  a  [113]  texture  was  observed.  The 
[001]  of  the  eutectoid  Nb5Si3  was  perpendicular 
to  the  growth  direction  of  the  DS  composite.  In 
extruded  Nb-10  Si  the  orientation  relationships 
between  the  (Nb)  and  Nb5Si3  have  been  inves¬ 
tigated  by  Sutliff  and  Bewlay  (1996).  They 
found  that  a  [110]  fiber  texture  parallel  to  the 
extrusion  direction  was  observed  in  the  (Nb)  of 
the  single  and  double  extruded  composites.  In 
addition,  the  [001]  Nb5Si3  was  observed  to  be 
perpendicular  to  the  extrusion  direction. 
Rigney  (1996)  reported  similar  data. 

The  microstructure  of  a  composite  generated 
from  a  quaternary  Nb-16  Ti-8  Hf-16  Si  alloy  is 
shown  in  Figure  4.  The  composite  consisted  of 
eutectic  cells  that  contained  an  M3Si-type  phase 
together  with  (Nb).  At  these  lower  Ti  and  Hf 


concentrations  the  eutectic  is  between  the  tP32 
M3Si  and  the  (Nb).  The  microstructure  of  a 
composite  generated  from  a  Nb-9  Mo— 22 
Ti-8  Hf-16  Si  alloy  is  shown  in  Figure  5.  This 
composite  consisted  of  eutectic  cells  of  M5Si3 
with  (Nb).  The  M5Si3  possessed  the  hP  16  struc¬ 
ture  rather  than  the  previously  reported  tI32 
Nb5Si3  (Massalski,  1991;  Bewlay  and  Sutliff, 
1998).  The  hP16  structure  was  stabilized  by 
the  high  Ti  and  Hf  additions.  The  scale  of  the 
microstructure  shown  in  Figure  5  is  signifi¬ 
cantly  finer  than  that  in  Figure  4.  EMPA 
analysis  indicated  that  the  approximate  com¬ 
positions  of  the  phases  were  Nb-16  Ti-4  Hf-21 
Mo-2  Si  and  Nb-19  Ti-13  Hf-2  Mo-38  Si. 

Selected  pole  figures  from  EBSP  data  are 
shown  in  Figure  6  for  (a)  the  Nb3Si,  (b)  the 
Nb  type  phase  in  Nb-16  Ti-8  Hf-16  Si,  (c)  the 
hP16  M5Si3  in  the  Nb-9  Mo-22  Ti-8  Hf-16  Si, 
and  (d)  the  (Nb)  in  the  Nb-9  Mo-22  Ti-8  Hf- 
16  Si.  These  data  indicate  that  in  the  Nb-9  Mo- 
22  Ti-8  Hf-16  Si  the  [0001]  hP16  M5Si3.and  the 
[001]  of  the  (Nb)  were  strongly  aligned  with  the 
growth  direction.  In  the  Nb-16  Ti-8  Hf-16  Si 
the  [111]  M3Si  was  aligned  with  the  growth 
direction,  but  the  (Nb)  was  not  strongly  tex¬ 
tured.  Thus,  composition  has  a  substantial 
impact  on  both  the  phases  generated  and  the 
texture  of  the  phases  in  the  DS  composite. 


3.22.3.2  Phase  Stability  Investigations 

Significant  effort  has  been  placed  on  the 
definition  of  liquid-solid  and  solid-solid 
phase  stability  in  the  Nb-Ti-Si  and  Nb-Hf-Si 
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Figure  5  Typical  microstructure  (BSE  image)  of  the  transverse  section  of  a  DS  composite  generated  from  a 
Nb-9Mo-22Ti-8Hf-16Si  alloy  at  a  growth  rate  of  5mmmin  .  The  composite  consists  of  eutectic  cells  of 

(Nb)  (light  phase)  and  hP16  M5Si3  (dark  phase). 
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Figure  6  (a)  [001]  Nb3  Si  pole  figure  in  the  Nb-16Ti-8Hf-16Si  alloy  (b)  [001]  (Nb)  pole  figure  in  the  Nb- 
16Ti-8Hf-16Si  alloy,  (c)  [0001]  pole  figure  of  the  M5S13,  and  (d)  [111]  pole  figure  in  the  Nb-9Mo-22Ti 

8Hf-16Si. 
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2520*C 


(b) 


Ti 


Figure  7  (a)  Space  diagram  of  the  metal-rich  end  of  the  Nb-Ti-Si  system,  (b)  Liquidus  surface  projection 

showing  the  two  transition  reactions  (fine  solid  lines  show  temperature  contours,  and  the  compositions  that 

were  investigated  are  shown  as  solid  squares). 


systems  because  Ti  and  Hf  additions  to  Nb-Si 
based  composites  have  been  shown  to  provide 
improvements  in  fracture  toughness  and  oxida¬ 
tion  behavior  (Subramanian  et  al.,  1994,  1996, 
1997;  Jackson  et  al.,  1996;  Bewlay  et  al.,  1996, 
1997b).  Subramanian  et  al.  (1994)  and  Jackson 
et  al.  (1994,  1996)  reported  that  the  oxidation 
resistances  of  both  the  single-phase  silicide  and 
the  metallic  phase  were  improved  by  partial 
substitution  of  Ti  for  Nb.  Hf  is  added  because 
it  is  also  a  strong  solid  solution  strengthener  of 
the  (Nb)  (Bewlay  et  al.,  1996;  Buckman,  1988). 

Knowledge  of  the  Nb-Hf-Si  liquidus  sur¬ 
faces  in  ternary  and  higher  order  systems  is 
required  in  order  to  predict  the  constituent 
phases  and  volume  fractions  of  phases  in 
these  in  situ  composites.  Thus,  phase  stability 
information  is  a  critical  requirement  for  defini¬ 
tion  of  both  the  manufacture  of  these  high- 
temperature  in  situ  composite  systems,  and 


their  stability  during  service.  In  the  present 
section  phase  stability  in  the  Nb-Ti— Si  and 
Nb-Hf-Si  ternary  systems  will  be  described 
first,  and  then  phase  stability  in  higher  order 
systems  containing  Mo,  Cr,  and  Al  will  be 
discussed. 


3.22.3.2.1  Nb-Ti-Si  phase  stability 

Ternary  Nb-Ti-Si  phase  equilibria  have  been 
reported  for  the  metal-rich  end  of  the  phase 
diagram  (Bewlay  et  al.,  1997b,  1999a;  Liang 
and  Chang,  1999),  including  liquid-solid  and 
solid-solid  phase  equilibria.  A  space  diagram  of 
the  metal-rich  region  (up  to  37.5%  Si)  of  the 
Nb-Ti-Si  phase  diagram  is  shown  in  Figure  7(a) 
(Bewlay  et  al.,  1997b),  and  a  projection  of  the 
liquidus  surface  is  shown  in  Figure  7(b). 
Figure  7(a)  also  shows  the  eutectic  between 
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Figure  8  Isothermal  sections  of  the  Nb-Ti— Si  phase  diagram  at  temperatures  of  (a)  1500  C  and  (b) 
1340°C.  The  compositions  that  were  heat  treated  are  included  as  solid  bullets.  EMPA  measurements  of 
phase  compositions  are  shown  as  Xs.  Literature  data  are  also  included  as  diamonds  (Subramanian  et  al., 
F  1996,  1997). 


Nb3Si  and  (Nb).  Isothermal  sections  at  tem¬ 
peratures  of  from  1650  °C  and  1150°C  have 
been  defined  and  isothermal  sections  at 
1500  °C  and  1340°C  are  shown  in  Figure  8(a) 
and  (b).  In  the  Nb-Ti-Si  system,  phase  equili¬ 
bria  involve  five  phases:  (Nb),  Nb3Si,  NbsSi3, 
Ti5Si3i  and  Ti3Si  with  particular  focus  on  the 
first  four  of  these  phases  for  RMICs  (Mas- 
salski,  1991;  Bewlay  et  al.,  1997b,  1999a). 

In  the  present  section,  the  Nb5Si3  with  Ti  in 
solid  solution  is  referred  to  as  Nb(Ti)jSi3,  and 
the  Ti5Si3  with  Nb  in  solid  solution  is  referred 
to  as  Ti(Nb)5Si3.  The  Nb3Si  with  Ti  in  solid 
solution  is  referred  to  as  (Nb,Ti)3  Si,  because 
Nb3Si  and  Ti3Si  are  isomorphous.  There  are 
several  reactions  in  the  binary  Nb— Si  and 
Ti-Si  systems  which  influence  the  metal-rich 
end  of  the  ternary  system.  First,  there  is  the 
L  -*  TisSi3  +  (Ti)  binary  eutectic  at  1330  °C 
(Massalski,  1991).  Second,  the  binary  Nb-Si 
phase  diagram  (Massalski,  1991)  possesses  a 
eutectic  of  the  form  L  -*•  Nb3Si  +  (Nb)  at 
1880°C,  and  also  a  peritectic  of  the  form 
L  +  Nb5Si3  -*  Nb3Si  at  1980  °C,  as  described 
earlier.  In  the  ternary  phase  diagram  a  eutectic 
groove  extends  between  the  two  binary  eutec¬ 
tics,  but  due  to  the  different  binary  eutectic 
reactions  there  is  a  change  in  the  nature  of  the 
liquidus  surface,  and  the  eutectic  groove,  with 
decreasing  Nb  and  increasing  Ti  concentration. 

In  the  liquidus  projection  shown  in 
Figure  7(b),  the  peritectic  ridge,  p2,  intersects 


the  peritectic  ridge,  pi,  to  generate  Uj  and  the 
resulting  peritectic  ridge  intersects  the  eutectic 
groove,  ej,  to  generate  U2.  The  two  transition 
reactions  are  described  by  Bewlay  et  al.  (1997b): 

U,  L+  Nb(Ti)5Si3  - >  (Nb,Ti)3Si  +  Ti(Nb)5Si3 
U2  L  +  (Nb,Ti)3Si  -  (Nb)  +  Ti(Nb)5Si3 

The  first  of  these  transition  reactions  occurs  at 
a  composition  of  approximately  Nb-66  Ti— 19 
Si,  and  at  a  temperature  of  ~  1650°C.  The 
second  of  these  transition  reactions  occurs  at 
a  composition  of  approximately  Nb-76Ti- 
13.5Si,  and  a  temperature  of  ~  1350  °C. 

The  microstructure  of  a  DS  composite  from 
Nb-44Ti-12Si  heat  treated  atl500°C  for  100  h 
is  shown  in  Figure  9;  this  composition  is  from 
the  two-phase  field  (Nb)  +  (Nb,Ti)3  Si.  It  con¬ 
tained  large-scale  metal  dendrites,  which  had 
coarsened  substantially  from  the  initial  solidi¬ 
fication  structure. 


3.22.3.2.2  Nb-Hf-Si  ternary  phase  stability 

A  space  diagram  of  the  Nb-Hf-Si  system  is 
shown  in  Figure  10(a)  and  the  liquidus  surface 
projection  is  shown  in  Figure  10(b)  (Bewlay 
et  al.,  1998).  At  the  metal-rich  end  of  the  Nb- 
Hf-Si  ternary  phase  diagram  there  is  a  eutectic 
trough  between  the  L  -*  Nb3Si  +  (Nb)  and 


(b) 

and  the  interdendritic  gray  phase  is  (Nb,Ti)3Si. 


L  -►  Hf2Si  +  (HO  binary  eutectics  (Massalski, 
1991;  Bewlay  et  al.,  1998;  Gokhale  and 
Abbaschian,  1989).  However,  because  of  the 
different  binary  eutectic  reactions  there  is  a 
change  in  the  nature  of  the  liquidus  surface, 
and  the  eutectic  groove,  with  decreasing  Nb 
and  increasing  Hf  concentration.  There  is  also 
only  a  50  °C  difference  in  temperatures  of  these 
two  binary  eutectics  (Massalski,  1991),  and  the 
slope  of  this  trough  is  therefore  very  shallow. 
The  loci  of  the  peritectic  ridge  from  the 
L  +  Nb5Si3  -» Nb3Si  peritectic,  p2,  the 
L  +  Hf5Si3  -»  Hf2  Si  peritectic  ridge,  p3,  and 
the  Hf-Hf2  Si  eutectic  groove,  e3,  generate 


three  invariant  reactions  in  the  Nb-Hf— Si  sys¬ 
tem.  The  locations  of  these  three  invariant  reac¬ 
tions  are  pertinent  to  the  generation  of  high- 
temperature  composites  from  Nb-Si  alloys 
modified  with  Hf.  In  the  present  section,  the 
Nb5Si3  with  Hf  in  solid  solution  is  referred  to  as 
Nb(Hf)5Si3,  the  Hf5Si3  with  Nb  in  solid  solu¬ 
tion  is  referred  to  as  Hf(Nb)sSi3,  the  Hf2  Si  with 
Nb  in  solid  solution  is  referred  to  as  Hf(Nb)2  Si, 
and  the  Nb3Si  with  Hf  in  solid  solution  is 
referred  to  as  Nb(Hf)3  Si.  The  Hf5Si3  has  the 
hP16  crystal  structure. 

The  three  transition  reactions  are  shown 
below.  In  Figure  10(b),  the  peritectic  ridge,  p2, 


Microstructure  and  Phase  Stability 


591 


(b) 


Figure  10  (a)  Space  diagram  of  the  metal-rich  end  of  the  Nb-Hf-Si  system,  (b)  schematic  diagram  showing 
y  .vv«’  *te*are  shown  as  the  solid  p0ints  on  the  hqu.dus  surface  projection. 


intersects  the  eutectic  groove,  ej,  to  generate 
Ui.  The  peritectic  ridges,  pi  and  p3,  intersect  to 
generate  U2,  and  the  subsequent  ridge  intersects 
the  eutectic  groove,  ei,  to  generate  U3. 

U,  L  +  Nb(Hf)5Si3  -  Nb(Hf)3Si  +  P(Nb) 

U2  L  +  Hf(Nb)5Si3  -  Nb(H0sSi3  +  Hf(Nb)2Si 
U3  L  +  Nb(H0sSi3  -*•  P(Nb)  +  Hf(Nb)2Si 

The  first  of  these  transition  reactions  occurs 
at  a  composition  of  approximately  Nb-21  Hf- 
16  Si,  and  at  a  temperature  of  ~  1850  °C.  The 
second  of  these  transition  reactions  occurs  at  a 
composition  of  approximately  Nb-27  Hf-22  Si 
and  a  temperature  of  ~2040°C.  The  third 
transition  reaction  occurs  at  Nb-26  Hf-14  Si 
and  a  temperature  of  ~  1 840  °C. 

Six  regimes  have  been  identified  on  the  liqui- 
dus  surface,  as  shown  in  the  projection  of 
Figure  10(b).  The  regimes  that  are  most  relevant 


to  the  development  of  high-temperature  com¬ 
posites  are  1, 2,  and  3.  Microstructures  of  in  situ 
composites  from  regimes  1  and  3  are  described 
below.  Composites  from  regime  1  contained 
primary  P(Nb)  dendrites  with  Nb(Hf>3  Si- 
p(Nb)  eutectic.  A  typical  microstructure  of  the 
transverse  section  of  the  DS  Nb— 15Hf-16Si 
composition  is  shown  in  Figure  11.  The  micro¬ 
structure  consisted  of  a  small  volume  fraction 
of  primary  p(Nb)  dendrites,  which  are  the  dark 
grey  phase  in  the  BSE  micrograph,  together 
with  an  interdendritic  Nb(Hf)3  Si-P(Nb)  cellu¬ 
lar  eutectic. 

Composites  from  regime  3  contained  primary 
Nb(Hf)5Si3  dendrites,  peritectic  Nb(Hf)3  Si, 
and  Nb(Hfh  Si-p(Nb)  eutectic.  The  typical 
microstructure  of  the  transverse  section  of  the 
DS  Nb-10  Hf-25  Si  alloy  is  shown  in  Figure  12. 
The  large  black  phase  is  Nb(Hf)sSi3,  and  it  is 
surrounded  by  dark  gray  peritectic  Nb(Hf)3  Si. 
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Figure  11  Typical  microstructure  (BSE  image)  of  the  transverse  section  of  a  DS  Nb-15Hf-16Si  alloy  at  (a) 
low  and  (b)  high  magnifications.  There  are  large-scale  dark  P(Nb)  dendrites  with  interdendritic  eutectic  cells 
of  Nb(Hf)3Si  (light  gray)  and  P(Nb).  The  Nb(Hf)3Si  also  contained  some  brighter  regions  that  were  Hf  rich. 


The  peritectic  and  dendritic  Nb(Hf)3  Si  appear 
to  have  grown  in  a  coupled  manner  with  the 
P(Nb)  dendrites.  Hf  partitioning  between  the 
Nb(Hf)3  Si  and  P(Nb)  was  such  that  there  was 
little  contrast  between  these  two  phases. 

During  solidification  of  alloys  with  higher  Hf 
concentrations  in  regime  3,  the  composition  of 


the  liquid  can  also  move  directly  into  the  eu¬ 
tectic  valley,  e2,  and  miss  the  peritectic  ridge,  p2, 
as  well  as  ej  and  U|,  thereby  generating  a  two- 
phase  composite  of  p(Nb)  and  Nb(Hf)5Si3. 
Thus,  judicious  selection  of  Hf  additions  can 
have  a  substantial  effect  on  the  phases  gener¬ 
ated  in  the  in  situ  composites. 
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Figure  12  Typical  microstructures  (BSE  images)  of  (a)  the  longitudinal  section  and  (b)  the  transverse 
section  of  a  DS  Nb-10Hf-25Si  alloy.  The  large  black  phase  is  Nb(Hf)sSi3,  the  large  dark  gray  phase,  is 

Nb(Hf)3Si,  and  the  light  gray  phase  is  P(Nb). 


3.22.3.2.3  Quaternary  and  higher  order 
systems 

Phase  stability  in  Nb-silicide  composites  of 
several  quaternary  and  higher  order  systems 
has  also  been  investigated.  A1  and  Cr  are 
important  alloying  additions  for  oxidation  re¬ 
sistance.  Mo,  Ta,  and  W  have  also  been  con¬ 


sidered  but  there  have  been  limited  evaluations 
of  the  effects  of  these  elements  on  phase  stabi¬ 
lity  (Subramanian  et  al.,  1997;  Shah  et  al., 
1995).  Mo  can  have  a  substantial  effect  on 
composite  phases  as  indicated  by  the  micro¬ 
graphs  in  Figures  4  and  5- 
Phase  stability  in  the  MASC  has  been  de¬ 
scribed  previously.  The  MASC  contained  three 
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Table  I  Composition  ranges  for  the  silicide  and  metallic  phases  observed  in  the  DS  MASC  (Nb-24.7Ti- 
8.2Hf-2.0Cr-l  .9A1-1 6.0SI)  and  the  DS  Nb-27Ti-22Si. 


Alloy 

Phase 

Nb 

Ti 

Hf 

Si 

Al 

Cr 

DS  MASC 

(Nb) 

58-61 

27.2-29.4 

5.0-5.3 

0.9-1. 3 

2.5-3.0 

2.8-3. 9 

M3Si 

48.3-49.0 

18.2 

7.8 

24.7-25.4 

0.1 

0. 1-0.2 

M5Si3 

25.5-27.9 

22.2-23.2 

12.5-12.9 

35.4-37.5 

1.0-1. 5 

0.4-0. 5 

Nb-27Ti-22Si 

(Nb) 

54-69 

29-44 

_ 

1. 6-2.4 

- 

- 

(Nb,Ti)3Si 

44-54 

22-29 

- 

23-24 

— 

— 

Nb(Ti)5Si3 

44-45 

19-20 

35-36 

Source:  Bewlay,  Jackson  et  al .,  1994a,  1997a. 


Table  2  Average  phase  chemistries  for  silicide  and  Laves  phases  that  have  been  observed  in  alloys  that  were 

heat-treated  at  1200  °C  before  oxidation  treatments. 


Nb  (at.%) 

Al  (at.%) 

Nb  (at.%) 

Hf{  at.%) 

Ti  (at.%) 

Cr  (at.%) 

Si  (at.%) 

M5Si3 

High  Ti 

21.2 

2.3 

21.2 

13.6 

25.4 

1.0 

36.5 

M5Si3 

Intermediate  Ti 

29.5 

1.9 

29.5 

11.4 

19.3 

1.4 

36.5 

M5Si3 

Low  Ti 

40.5 

2.4 

40.5 

6.5 

14.0 

0.7 

35.9 

Metal 

51.4 

4.1 

51.4 

3.0 

30.2 

10.6 

0.7 

Laves 

19.8 

1.4 

19.8 

7.3 

12.3 

52.6 

6.6 

Source:  Jackson  el  al.,  1994. 


phases:  a  metallic  phase  containing  Nb,  Ti,  Hf, 
Si,  Al,  and  Cr,  an  M3  Si  silicide  phase,  and  also 
an  M5  (Si,Al)3  type  phase.  The  composition 
ranges  for  these  phases  are  shown  in  Table  1. 
The  tP32  M3Si  and  hP16  M5(Si,Al)3  Nb  sili- 
cides  show  extensive  solubility  for  Hf  and  Ti. 
The  Si  concentrations  of  the  M3  Si  and  M5Si3 
silicides  were  close  to  the  stoichiometric  values. 

Higher  Cr  additions  have  also  been  examined 
and  can  lead  to  the  formation  of  a  Laves  phase 
(Subramanian  et  al.,  1997;  Jackson  et  al.,  1994). 
The  introduction  of  the  Laves  phase  can  lead  to 
a  substantial  improvement  in  the  oxidation  re¬ 
sistance.  Typical  compositions  of  the  phases  in 
a  Laves  phase-containing  silicide  based  in  situ 
composite  are  shown  in  Table  2.  Three  MjSi3 
type  phases  coexist  with  a  Si-rich  Laves  phase 
and  (Nb)  (Jackson  et  al.,  1994). 


3.22.3.2.4  Precipitation  in  Nb  solid  solutions 

Precipitation  in  the  metallic  solid  solutions  of 
RMICs  can  have  critical  effects  on  both  the  low 
temperature  mechanical  properties,  such  as 
strength  and  toughness,  as  well  as  high  tem¬ 
perature  performance,  such  as  creep  rate  and 
creep  rupture  behavior.  Precipitation  strength¬ 


ening  of  monolithic  Nb  alloys  has  received 
significant  attention  (Anton  et  al.,  1988;  Grylls 
et  al.,  1998;  Cockeram,  Lipsitt  et  al.,  1991a; 
Cockeram  et  al.,  1992;  Cockeram,  Saqib  et  al., 
1991b;  Grigorovich  et  al.,  1980;  Grigorovich 
and  Sheftel’,  1983;  Sheftel’  and  Bannykh, 
1993).  The  use  of  dispersoids  has  also  been 
considered.  Anton  et  al.  (1988)  reported  that 
the  most  promising  dispersoids  are  ZrB2,  HfB2, 
ZrN,  HfN,  and  Si3N4. 

Fine-scale  precipitates  have  been  reported  in 
(Nb)  of  the  in  situ  composites  of  both  binary 
Nb-Si  and  ternary  Nb-Ti-Si  alloys  (Grylls 
et  al.,  1998;  Cockeram,  Lipsitt  et  al.K  1991a; 
Cockeram,  Saqib  et  al.,  1991b;  Cockeram,  Lip¬ 
sitt  et  al,  1992).  Typical  silicide  precipitates 
within  the  (Nb)  dendrite  of  the  composites  are 
shown  in  Figure  13.  The  large  precipitates 
(~  0.5  pm)  possessed  a  dendritic  morphology 
with  the  principal  axis  of  the  precipitate  parallel 
to  the  [010]  in  the  (Nb).  An  array  of  fine  needle- 
shaped  silicide  precipitates  within  the  (Nb)  can 
also  be  seen  in  Figure  13.  Precipitates  can  be 
seen  in  all  three  orthogonal  directions.  The 
precipitates  possessed  an  ordered  orthorhom¬ 
bic  structure.  In  the  (Nb)  of  the  Nb-14Si,  pre¬ 
cipitation  was  heterogeneous  whereas  in  the 
(Nb)  of  the  Nb-44Ti-12Si,  the  precipitation 
was  homogenous  (Grylls  et  al.,  1998). 
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Figure  13  Bright  field  transmission  electron  micro¬ 
graph  showing  silicide  precipitates  in  the  (Nb)  of 
the  Nb-42.5Ti-15Si  composite  heat  treated  at 
1500°C  for  lOOh  followed  by  slow  cooling  to  below 
800  °C. 

The  orthorhombic  (Nb,Ti)3  Si  precipitates  in 
the  Ti-containing  composites  were  metastable 
with  respect  to  the  tP32  structure.  The  Nb3Si 
precipitates  in  the  binary  Nb-Si  solid  solution 
were  metastable  with  respect  to  both  the  stoi¬ 
chiometry  and  crystal  structure  of  tI32  Nb5Si3. 
Ordering  to  the  metastable  orthorhombic  Nb3Si 
required  a  smaller  nucleation  barrier  than  to  the 
stable  tI32  Nb5Si3,  and  the  close  matching  of  the 
lattice  plane  spacing  of  the  matrix  and  pre¬ 
cipitate  allowed  the  interfacial  energy  to  be 
minimized.  The  following  precipitate-matrix  or¬ 
ientation  relationships  were  observed  in  both 
the  Nb-Si  binary  and  the  Nb-Ti-Si  ternary 
alloys  for  the  coherent  precipitates. 

[100]Nb  II  [100]ppt;  (OOl)ppt  II  (001)Nb 

Mendiratta  arid  Dimiduk  (1991)  have  also 
reported  precipitates  of  Si-rich  particles  in  bin¬ 
ary  Nb-Si  alloys,  and  they  postulated  that  these 
precipitates  were  generated  as  a  result  of  the 
decrease  in  the  solubility  of  Si  in  (Nb)  with 
decreasing  temperature  after  a  1500°C  heat 
treatment.  This  explanation  is  consistent  with 
more  recent  data  by  Grylls  et  al.  (1998)  who 
also  examined  the  formation  and  stability  of 
precipitates  at  temperatures  as  low  as  1200°C. 
Cockeram  and  co-workers  (Cockeram,  Lipsitt 
et  al.,  1991a;  Cockeram  et  al.,  1992;  Cockeram, 
Saqib  et  al.,  1991b)  also  provided  a  character¬ 
ization  of  silicide  precipitates  in  Nb-10  Si  alloys 
(Mendiratta  et  al.,  1991). 

The  reactive  metals  Zr  and  Hf  together  with 
C  and  N  produce  fine  precipitates  that  contri¬ 
bute  to  the  high-temperature  strength  of  Nb 
alloys.  For  example,  Nb  strengthened  by  only 
2%  ZrN  shows  a  tensile  strength  of  ~  500  MPa 
at  1200  °C  (Buckman,  1988;  Grigorovich  et  al.. 
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1980;  Grigorovich  and  Sheftel’,  1983;  Sheftel’ 
and  Bannykh,  1993).  Nb  strengthened  by  only 
9%  of  (group  IVa)  MC  carbides  also  shows  a 
tensile  strength  of  more  than  500  MPa  at 
1200  °C  (Grigorovich  et  al.,  1980;  Grigorovich 
and  Sheftel’,  1983;  Sheftel’  and  Bannykh,  1993). 
The  carbides,  nitrides  and  borides  of  Hf,  Zr,  and 
Nb  have  very  high  decomposition  tempera¬ 
tures.  In  addition,  the  solubilities  of  B  and  C 
in  Nb  are  quite  small  at  temperatures  below 
about  1 500  °C.  Therefore,  the  rate  of  dispersoid 
coarsening  is  probably  quite  slow  at  a  tempera¬ 
ture  of  1200  °C.  By  combining  carbide  disper¬ 
sions  with  large  additions  of  W,  Cb-1  remains 
the  strongest  Nb  base  alloy  with  acceptable 
workability  (Buckman,  1988).  The  role  of  car¬ 
bide  and  nitride  dispersions  in  strengthening  the 
(Nb)  of  the  RMICs  has  been  explored,  but  to 
date  there  are  few  reported  data. 


3.22.4  MECHANICAL  PROPERTIES 

In  the  following  section,  emphasis  will  be 
placed  on  four  critical  mechanical  properties 
and  the  development  of  RMICs  towards  these 
property  goals:  low-temperature  damage  toler¬ 
ance  (fracture  toughness  and  room  temperature 
fatigue),  high-temperature  strength,  and  creep 
behavior.  The  progress  in  the  development  of 
RMICs  towards  these  goals  will  be  discussed. 


3.22.4.1  Fracture  Behavior 

Minimum  fracture  toughness  is  required  to 
provide  damage  tolerance  in  order  to  make 
components  that  can  survive  the  final  assembly 
into  turbine  engines,  and  tolerate  impact  load¬ 
ing  in  service  from  events  such  as  foreign  object 
damage.  A  fracture  toughness  of  20  MPa>/m  is 
considered  a  minimum  value  for  critical  com¬ 
ponents.  (General  treatments  of  the  fracture 
toughness  characteristics  of  particulate,  fi¬ 
brous,  and  layered  MMCs  are  given  respec¬ 
tively  in  Chapters  3.07,  3.08,  and  3.11,  this 
volume.)  There  have  been  extensive  studies  of 
the  fracture  mechanisms  in  composites  from 
binary  Nb-Si  alloys  (Subramanian  et  al., 
1996;  Jackson  et  al.,  1996;  Mendiratta  et  al, 
1991;  Mendiratta  and  Dimiduk,  1993;  Bewlay 
et  al.,  1995a,  1997c;  Ravichandran,  1992;  Hen- 
shall  et  al.,  1997;  Nekkanti  and  Dimiduk, 
1990).  Typically  fracture  toughness  measure¬ 
ments  have  been  performed  using  single  edge 
notched  bending  specimens  (SENB),  and  the 
procedures  provided  by  ASTM  standard  E- 
399  (1983).  Several  researchers,  typically  using 
procedures  described  by  the  ASTM  standard 
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High-temperature 


2.2  2.4  2.6  2.8  3.0  3.2  3.4  3.6 


Crack  Length,  a,  (mm) 


Nb-Tl-Si  and  «“^N^7^TSSWlO%Q-l.9%Al)  are  also  shown. 


E-561-94  (1994),  have  also  performed  R-curve 


measurements. 

Fracture  toughness  measurements  for  a  ser¬ 
ies  of  Nb-based  RMICs  are  shown  in 
Figure  14(a)  (Subramanian  et  al.,  1994,  1996, 
1997-  Jackson  et  al.,  1996;  Dimiduk  et  al.,  1993, 
Mendiratta  et  al.,  1991;  Mendiratta  and  Dimi¬ 
duk,  1993;  Bewlay  et  al.,  1996,  1997a,  1997c). 
Early  in  situ  composites  from  binary  Nb-Si 
alloys  showed  promising  levels  of  toughness. 
Room  temperature  fracture  toughness  mea¬ 
surements  are  shown  in  Tables  3-6  for  a  range 


of  composites  from  binary,  ternary,  quatern¬ 
ary  and  higher  order  alloys.  The  MASC  has  a 
toughness  of  >  20  M Pay'S  (Bewlay  et  al., 
1996);  this  toughness  level  has  also  been 


demonstrated  recently  in  a  wider  range  of  sys¬ 
tems  (Bewlay  et  al.,  1997c). 

R-curve  measurements  that  have  been  re¬ 
ported  show  that  the  resistance  to  crack  growth 
increases  with  increasing  crack  length,  an  indi¬ 
cation  that  crack  growth  occurs  in  a  stable 
manner.  R-curve  measurements  are  shown  in 
Figure  14(b)  for  the  MASC.  Typically,  the  in¬ 
itiation  toughness  values  for  the  MASC  were  7- 
13  MPa\/m,  and  the  Kxc  values  were  19- 
22  MPaVS.  The  form  of  these  R-curves  is  si¬ 
milar  to  those  reported  previously  in  binary 
Nb-10  Si  in  situ  composites,  which  displayed 
Kxc  values  of  >20MPa\/m  in  the  extruded 
condition  (Rigney  et  al.,  1994;  Rigney,  1996; 
Bewlay  et  al.,  1997b). 
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Table  3  Room  temperature  fracture  toughness  of  DS  ternary  Nb~Ti  Si  in  situ 
composites  from  compositions  in  the  range  3—33  /o  Ti. 

Composition  (at.%)  DS  constituent  phases  Fracture  toughness.  (MPa-y/m) 


Nb-16Si 

Nb-33Ti-16Si 

Nb-27Ti-16Si 

Nb-27Ti-12Si 

Nb-21Ti-16Si 

Nb-21Ti-12Si 

Nb-32Ti-19Si 

Nb-42.5Ti-15Si 

Nb-3Ti-16Si 


(Nb),  Nb3Si 

(Nb),  (Nb,Ti)3Si 

(Nb),  (Nb,Ti)3Si 

(Nb),  (Nb,Ti)jSi 

(Nb),  (Nb,Ti)3Si 

(Nb),  (Nb,Ti)3Si 

(Nb),  (Nb,Ti)3Si,  Nb(Ti)jSi3 

(Nb),  (Nb,Ti)3Si 

(Nb),  (Nb,Ti)3Si 


7.8 
11.1 
11.7 

9.8 
11.6 
10.6 
12.4 
12.3 

9.7 


Source:  Bewlay,  Jackson  et  al,  1995a. 


Table  4  Room  temperature  fracture  toughness  of 
Nb-16Si  composites  modified  with  Hf  and  Ti. 


Composition 

Fracture  toughness 
(MPa  v®) 

Nb-7.5Hf-21Ti-16Si 

12.2 

Nb-10Hf-21Ti-16Si 

11.9 

Nb-12.5Hf-21Ti-16Si 

12.1 

Nb-21Ti-16Si 

11.6 

Nb-7 . 5Hf-33Ti-l  6Si 

12.6 

Nb-10Hf-33Ti-16Si 

13.3 

Nb- 1 2. 5Hf-3  3Ti— 1 6Si 

14.0 

Nb-33Ti-16Si 

11.1 

Table  5  Room  temperature  fracture  toughness  of 
Nb-16Si  composites  modified  with  Hf,  Ti,  Cr  and 
Al.  The  effects  of  Hf,  Cr,  and  Si  concentrations  on 
fracture  toughness  are  described. 


Composition 

Fracture 

toughness 

(MPav/m) 

Nb-20Ti-8Hf-2Al-2Cr-l  6Si 

21.0 

Nb-30Ti-8Hf-2Al-2Cr- 1 6Si 

19.3 

Nb-24.6Ti-l  lHf-2Al-2Cr-16Si 

21.8 

Nb-23 .6Ti- 1 4Hf-2  Al-2Cr- 1 6Si 

18.2 

Nb-25Ti-8Hf-2Al-2Cr-l  8Si 

20.0 

Nb-26.5Ti-8Hf-2Al-10Cr-16Si 

18.7 

Nb-24.7Ti-8.2Hf-2.0Cr-!  .9A1-1 6.0Si 

23.3 

Fracture  surfaces  of  both  binary  Nb-Si 
and  ternary  Nb— Ti— Si  composites  have  been 
reported  previously.  Generally  in  those  systems 
with  the  highest  toughness  ductile  rupture  of 
the  (Nb)  is  observed.  Figure  1 5(a)  and  (b)  show 
fracture  surfaces  of  the  DS  MASC.  The  frac¬ 
ture  surfaces  were  highly  convoluted  and  con¬ 
sistent  with  a  high  work  of  fracture.  The  higher 
magnification  fractograph  shows  that  (Nb) 
dendrites  failed  in  a  ductile  manner,  and  were 
pulled  out  of  the  matrix.  The  (Nb)  between  the 
silicide  dendrites  was  also  pulled  to  a  chisel 


Table  6  Room  temperature  fracture  toughness  of 
Mo  modified  composites. 


Composition 

Fracture  toughness 
(MPa^/m) 

Nb-8Hf-25Ti-16Si 

16.1 

Nb-3Mo-8Hf-25Ti-16Si 

17.9 

Nb-9Mo~8Hf-25Ti-l  6Si 

14.0 

Nb-8Ti-8Hf-l  6Si 

12.3 

Nb-9Mo-8Hf-l  6Si 

11.9 

Nb-9Mo-5Ti-8Hf-l  6Si 

7.7 

Nb-9Mo-8Ti-8Hf-16Si 

8.7 

Nb-9Mo-13Ti-8Hf-16Si 

8.8 

Nb-9Mo-l  6Ti-8Hf-16Si 

7.4 

Nb-9Mo-22Ti-8Hf-l  6Si 

10.0 

Nb-1 5Mo-OTi-8Hf-16Si 

11.4 

point,  and  microcracking  of  the  silicide  matrix 
was  observed.  Typically,  the  M3Si  and  M5Si3 
silicide  dendrites  fail  by  cleavage.  At  higher 
magnifications  crack  bridging  and  crack  blunt¬ 
ing  are  observed.  This  suggests  that  the  (Nb) 
provides  the  majority  of  the  toughness, 
although  microcracking  and  interface  debond¬ 
ing  may  also  make  significant  toughening  con¬ 
tributions.  Crack  deflection  and  crack 
multiplication  also  occurs. 


3.22.4.1.1  Effect  of  Ti  additions  on  fracture 
toughness 

The  effect  of  Ti  on  fracture  toughness  of  a 
range  of  DS  Nb-Ti-Si  composites  is  shown  in 
Table  3.  Considering  the  effect  of  Ti  on  the 
fracture  toughness  of  the  16%  Si  alloy,  the 
toughness  of  the  Ti-containing  composite  is 
~  50%  greater  than  that  of  the  binary  Nb- 
16%  Si  composite  (7.8  MPav/m)  (Bewlay  et  al., 
1994a,  1995b),  but  there  is  no  systematic  in¬ 
crease  in  the  fracture  toughness  with  increasing 
Ti  concentration,  for  concentrations  in  the 
range  21—33%  Ti.  For  both  the  27%  and  21% 


Figure  15  Fracture  surfaces  of  several  DS  in  situ  composites;  the  MASC  at  (a)  low  and  (b)  high 
*  magnifications,  and  DS  Nb-27Ti-16Si  at  (c)  low  and  (d)  high  magnifications. 


Ti  composites,  reducing  the  Si  concentration 
from  16%  to  12%  results  in  slightly  smaller 
fracture  toughness  values,  even  though  the 
volume  fraction  of  (Nb)  is  greater  in  the  12% 
alloys.  For  the  27%  Ti  composites,  the  fracture 
toughness  of  the  16%  Si  composites  was 
11.9  MPas/m,  whereas  that  of  the  12%  alloy 
was  9.8  MPa ^/in.  This  situation  is  different 
to  that  observed  in  the  binary  Nb-Si  in  situ 
composites  where  the  toughness  increased  with 
decreasing  Si  concentration  and  increasing 
volume  fraction  of  Nb;  decreasing  the  Si 
concentration  from  18%  to  10%  increased 
the  Nb  volume  fraction  from  ~0.35  to  ~0.7 
and  the  fracture  toughness  values  from  6 


to  MMPaVm.  respectively  (Bewlay  et  al., 
1995a).  However,  given  the  narrow  range  of 
ternary  compositions  and  fracture  toughness 
values,  these  trends  are  somewhat  speculative. 

A  fractograph  of  the  transverse  section  of  a 
DS  Nb-27Ti-16Si  composite  is  shown  in 
Figure  15(c).  The  (Nb)  dendrites  failed  in  a 
ductile  manner,  as  did  the  fine-scale  (Nb)  be¬ 
tween  the  (Nb,Ti)3Si  dendrites,  as  shown  in 
both  Figure  15(c)  and  (d).  Cleavage  of  the 
(Nb,Ti)3Si  occurred  on  many  planes  giving 
rise  to  complex  fracture  surfaces.  Subramanian 
et  al.  (1994)  also  observed  plastic  stretching  and 
rupture  of  the  (Nb),  as  well  as  secondary  crack¬ 
ing  of  the  silicide  in  the  Nb-42.5Ti-15Si.  There 
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Figure  15  (continued). 


are  two  possible  explanations  for  the  toughen¬ 
ing  enhancement  observed  in  the  Nb-Ti-Si 
composites  over  that  of  the  binary  Nb-Si  com¬ 
posite.  First,  the  (Nb)  may  have  greater  intrin¬ 
sic  ductility  than  the  (Nb)  in  the  binary  two- 
phase  composite.  Second,  the  metallic  phase 
exists  only  as  large-scale  (Nb)  dendrites,  rather 
than  a  combination  of  fine-scale  eutectic  and 
large-scale  dendritic  morphologies  as  in  the 
binary  alloy,  and  thus  the  same  volume  fraction 
of  metallic  phase  may  provide  more  toughening 
in  the  case  of  the  ternary  alloy  (Bewlay  et  ah, 
1994a;  Ravichandran,  1992). 

The  effect  of  Hf  additions  on  the  room  tem¬ 
perature  fracture  toughness  has  also  been  ex¬ 


amined,  as  shown  in  Table  4  for  Nb-16Si 
modified  with  Hf  compositions  of  7.5-12.5 
and  Ti  compositions  of  21-33%.  Room  tem¬ 
perature  fracture  toughness  was  relatively  in¬ 
sensitive  to  HfiTi  composition  ratios  in  the 
range  0.2-0. 6.  However,  Ti  additions  appear 
to  have  a  stronger  effect  on  toughness  than 
Hf  additions.  The  room  temperature  fracture 
toughness  of  composites  with  33  Ti  was  gener¬ 
ally  higher  than  those  with  21  Ti. 

Table  5  shows  a  range  of  alloys  derived  from 
the  base  MASC  composition  (Bewlay  et  ah, 
1997c)  (last  row  of  Table  5).  These  data  indicate 
that,  for  Ti  concentrations  in  the  range  20- 
30%,  there  is  little  effect  on  toughness.  The 
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AK  (MPaVm) 


Figure  16  Fatigue  crack  growth  data  obtained  at  room  temperature  and  an  R  ratio  of  0  1  for  a  number  of 
advanced  monolithic  and  in  situ  composites  containing  mtermetallic  materials  The  threshold  values  of  Nb- 
silicide  based  composites  are  higher  than  for  other  mtermetallic  systems,  and  the  Pans  law  coefficients  are 

close  to  those  of  monolithic  metallic  systems. 


above  data  also  indicate  that  the  Si  concentra- 
tion  of  the  MASC  can  be  increased  to  18% 
without  compromising  composite  toughness. 
This  is  an  important  observation  because  the 
Si  concentration  controls  the  volume  fraction 
of  silicide  and  therefore  the  elevated  tempera¬ 
ture  strength  and  creep  properties.  It  can  also 
be  seen  from  the  fracture  toughness  data  that 
increasing  the  Hf  from  8%  to  14%,  or  increas¬ 
ing  the  Cr  concentration  up  to  10%  leads  to  a 
reduction  in  toughness.  The  effect  of  Mo  on 
fracture  toughness  is  shown  in  Table  6.  Models 
of  ductile  phase  toughening  can  provide  some 
insight  into  toughening  mechanisms  that  are 
operative  in  this  family  of  composites.  How¬ 
ever,  they  do  not  completely  describe  the  tough¬ 
ening  behavior  that  has  been  reported  (Bewlay 
el  al.,  1994b).  In  particular,  the  effect  of  volume 
fraction  of  metallic  phase  on  composite  tough¬ 
ness  is  only  partially  described  by  models  for 
ductile  phase  toughening  (Bewlay  et  al.,  1994b). 


3.22.4.2  Fatigue  Properties 

There  has  been  relatively  little  work  on  eva¬ 
luation  of  the  performance  of  RMICs  under 
cyclic  loading  conditions  (Zinsser  and  Lewan- 


dowski,  1998;  Bewlay  et  al.,  1997c).  Early  work 
(Rao  et  al.,  1993,  1994)  on  a  variety  of  inter- 
metallics  extrinsically  toughened  with  Nb  alloys 
revealed  that,  while  significant  toughness  im¬ 
provements  were  obtained  under  monotonic 
loading  conditions,  these  improvements  were 
often  not  realized  when  testing  under  cyclic 
loading  conditions.  In  several  cases,  the  fatigue 
crack  growth  resistance  of  the  composite 
showed  little  improvement  over  that  of  the 
brittle  monolithic  mtermetallic,  and  the  Paris 
law  coefficients  that  were  reported  were  similar 
to  those  of  ceramics  (Rao  et  al.,  1993.  1994). 

The  fatigue  crack  growth  behaviors  of  ex¬ 
trinsically  toughened  niobium  silicide  in  situ 
composites  are  more  promising,  as  shown  in 
Figure  16  (Bewlay  et  al.,  1997c;  Zinsser -and 
Lewandowski,  1998).  Figure  16  shows  fatigue 
crack  growth  data  obtained  for  a  range  of 
RMICs  including  the  cast/extruded  Nb-lOSi 
composite  (Mendiratta  et  al.,  1991;  Bewlay 
et  al.,  1997c;  Samant  and  Lewandowski, 
1997),  the  DS  MASC  (Bewlay  et  al.,  1997c), 
monolithic  cast/extruded  Nb-1  Si  alloy,  and 
TiAl  based  intermetallics  (Chan  and  Shih, 
1997;  Larsen  et  al.,  1995).  Figure  16  indicates 
that  the  fatigue  performance  of  monolithic 
Nb-1  Si  is  significantly  better  than  that  of  the 
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Table  7  Paris  law  exponents  and  fatigue  thresholds  of  a  range  of  Nb-silicide  containing  composites,  and 

two  monolithic  Nb  alloys. 


Fatigue  threshold,  Paris  law  Kic 

Materiallgrain  size  Condition  R  A Kth  (MPayS)  exponent  (MPaym) 


Pure  Nb 
Nb-Si  (ss) 
Nb-12Si 
Nb-18.2Si 
Nb-lOSi 
Nb-lOSi 
Nb-42.5Ti-15Si 
Nb-25Ti-8Hf- 
2Cr-2Al-16Si 


Equiaxed  grains  (135  pm) 
Equiaxed  grains  (135  pm) 
DS 
DS 

Arc  cast/extruded/HT 
Arc  cast/extruded/HT 


DS 

DS 


0.1 

0.1 

0.1 

0.1 

0.8 

0.1 

0.1 


10.2 

13.0 

13.2 

3.0 

8.0 

4.4 

5.5 

8.5 


2.8 

- 

2.3 

- 

16.7 

18.1 

_ 

6.0 

5.3 

22.3 

16.9 

27.2 

9.7 

10.2 

2.9 

24.2 

Source:  Bewlay,  Lewandowski  et  at.,  1997c;  Zinsser  and  Lewandowski,  1998. 


Nb-silicide  based  composite  (Rao  et  al.,  1994), 
and  suggests  that  the  good  fatigue  characteris¬ 
tics  of  the  Nb  in  these  systems  dominates  the 
composite  creep  performance  due  to  (i)  its 
intrinsic  properties,  (ii)  its  continuity,  and  (iii) 
its  scale. 

Zinsser  and  Lewandowski  (1998)  examined 
the  effect  of  R  ratio  (0.1  and  0.4)  on  the  room 
temperature  fatigue  crack  growth  behavior  of  a 
Nb-10  Si  Nb-Nb5Si3  composite  over  a  range  of 
AK  levels.  The  results  were  compared  with  fati¬ 
gue  crack  growth  behavior  for  a  monolithic  Nb- 
1.2  Si  solid  solution.  Crack  growth  rates^da/ 
dN)  were  measured  in  the  range  10  2-10_^  mm 
cycle-1  in  the  composite  and  10— — 10  mm 
cycle-1  in  the  Nb(Si).  They  reported  fatigue 
thresholds  AKlb  in  the  range  5.6-12.9  MPa^/m 
and  Paris  law  slopes  in  the  range  2-5.  The  AKlb 
was  higher  for  the  Nb-1  Si  than  the  Nb-Nb5Si3 
composite  and  the  Paris  law  slopes  were  also 
higher  for  the  Nb-1  Si  (5.3  vs.  2.3),  as  shown  in 
Table  7.  In  comparison,  pure  Nb  exhibits 
threshold  values  for  fatigue  of  ~  lOMPayS 
with  Paris  law  slopes  of  4-7;  these  are  similar 
to  those  observed  for  other  metallic  materials. 

Zinsser  and  Lewandowski  (1998)  also  re¬ 
ported  that  increasing  the  R  ratio  reduces  the 
observed  threshold  stress  intensities,  AA',h,  in 
both  the  Nb-Nb5Si3  composite  and  the  Nb(Si) 
solid  solution.  They  reported  a  strong  correla¬ 
tion  between  the  amount  of  cleavage  observed 
on  the  fracture  surface  and  Kmax.  They  pro¬ 
posed  that  the  increase  in  the  amount  of  cleaved 
primary  Nb  in  the  Nb-Nb5Si3  composite  dur¬ 
ing  fatigue  crack  growth  was  controlled  by 

Km-dx- 


3.22.4.2.1  Thermal  fatigue 

The  envisioned  applications  of  RMICs  will 
subject  the  component  to  a  variety  of  thermal 


fatigue  cycles.  Although  there  has  not  been  a 
significant  amount  of  work  to  address  the  be¬ 
havior  of  RMICs  under  thermal  cycling  condi¬ 
tions,  the  thermal  expansion  mismatch  between 
the  metal  and  the  intermetallics  over  the  envi¬ 
sioned  application  temperature  range  is  rela¬ 
tively  small  (Jackson  et  al,  1996;  Bewlay  et  al., 
1997c;  Buckman,  1980).  Thus,  it  is  expected 
that  thermal  ratcheting  between  the  phases 
will  be  negligible,  and  the  interface  between 
composite  phases  will  not  suffer  excess  stress 
during  thermal  cycling. 


3.22.4.3  High-temperature  Strength 

There  is  a  limited  amount  of  high-tempera¬ 
ture  tensile  data  available  for  RMICs.  How¬ 
ever,  density-normalized  bending  strength- 
temperature  data  have  been  reported  pre¬ 
viously  for  Nb— 42.5Ti— 15Si,  Nb— 40Ti— 15Si— 
5A1  (Jackson  et  al.,  1996;  Subramanian  et  al., 
1997),  and  binary  Nb-10  Si  composites  (Men- 
diratta  et  al.,  1991).  The  tensile  strength 
of  the  MASC  is  shown  as  a  function  of  tem¬ 
perature  in  Figure  17.  The  tensile  fracture  stress 
was  ~  800  MPa  at  room  temperature,  and  the 
yield  stress  was  370  MPa  at  1200 °C.  At -room 
temperature  no  macroscopic  ductility  was  mea¬ 
sured  in  the  tensile  tests,  but  fractographic 
observations  indicated  plastic  deformation  of 
the  metallic  phase.  Monolithic  alloys  of  similar 
compositions  to  the  metallic  phase  of  the 
composite  have  yield  strengths  of  less  than 
55  MPa  at  1200  °C  (Bewlay  et  al.,  1997c). 
Thus,  the  composite  possesses  substantially 
improved  tensile  properties.  The  MASC  does 
possess  some  flaw  sensitivity  of  the  fracture 
stress  at  low  temperatures.  In  comparison 
with  monolithic  intermetallics,  the  strength 
retention  of  this  composite  at  high  tempera¬ 
tures  is  impressive. 
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Figure  17  Tensile  strength  of  a  range  of  DS  in  situ  composites  as  a  function  of  temperature  Rowing  the 
Figure  17  lensne  sirenSin  *Eth  over  Nb-silicide  based  composites  in  comparison  with  Ni-based 

improvement  of  high  temperature  strength^  hase.based  composite.  Literature  data  for  the  tensile 

“renpK'MAI  modified  with  Hf,  bending  strengths  of  monolithic  MoSb  and  MoSi,  minforced  with  30% 
6  q; r  arp  nkn  shown  (Bewlay  et  al. ,  1997c). 


The  binary  Nb-10  Si  composite  showed 
bending  strength  levels  at  1200  °C  similar  to 
the  tensile  strengths  of  the  MASC  (370  MPa) 
(Bewlay  et  al.,  1997c).  However,  the  reductions 
in  the  high  temperature  strength  levels  dis¬ 
played  in  ternary  Nb-Ti-Si  and  quaternary 
Nb-Ti-Si-Al  are  not  experienced  by  the 
MASC.  Details  of  the  strengthening  mechan¬ 
ism  are  the  subject  of  further  research.  There 
are  essentially  two  strengthening  mechanisms 
available  for  the  (Nb).  Solid  solution  strength¬ 
ening  can  be  affected  by  the  addition  of  refrac¬ 
tory  and  high  modulus  elements,  and  dispersion 
strengthening  can  be  generated  using  refractory 
MC  carbides  and/or  nitrides  (e.g.,  HfN,  ZrN). 
Precipitation  mechanisms  have  been  described 
previously  in  this  chapter,  but  to  date  the 
strength  increment  to  the  composite  that  they 
offer  has  not  been  investigated  in  detail.  The 
effects  of  adding  elements  such  as  W,  Ta,  or  Mo 
on  solid  solution  strengthening,  room  tempera¬ 
ture  fracture  toughness,  and  high  temperature 
creep  have  been  explored  as  described  in  this 


chapter.  The  effect  of  dispersion  strengthening 
of  the  (Nb)  in  these  composites  on  room  tem¬ 
perature  fracture  toughness  has  received  less 
attention. 


3.22.4.4  Tensile  Creep  Properties 

In  this  section,  the  tensile  creep  behavior  of 
the  MASC  will  be  described  and  then  more 
detailed  investigations  of  the  creep  behavior 
of  these  composites  will  be  described. 

The  secondary  tensile  creep  rates  of  the 
MASC  are  shown  in  Figure  18  together  with 
those  of  a  range  of  high  temperature  alloys, 
including  PWA1480,  Mo  TZM,  and  monolithic 
commercial  Nb-based  alloys  (B-66  and  C129Y) 
at  1 100  °C.  Tensile  creep  data  of  the  MASC  are 
also  shown  in  Table  8.  The  composite  creep 
rates  are  more  than  an  order  of 'magnitude 
lower  than  those  of  B-66  and  C129Y.  The  stress 
sensitivity  of  the  creep  rate  of  the  MASC  is 
lower  than  that  of  Mo  TZM,  but  it  is  higher 


Table  8  Tensile  creep  data  (rupture  life,  secondary  cree P  rates  and  strain  to 
failure)  of  the  MASC  at  1000  and  1 100  C. 


Temperature 

(°C) 

Stress 

(MPa) 

Rupture  life 

(h) 

Creep  rate 

(s'1) 

Elongation  at 
failure ,  Ef  (%) 

1100 

1100 

1000 

140 

105 

175 

35 

554 

171 

1.7  x  10"7 

9.3  x  10"9 

2.9  x  10-8 

7 

10.1 

5.3 

Source:  Bewlay  et  al..  1996. 
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Figure  18  Comparison  of  secondary  tensile  creep  rates  of  a  DS  Nb-silicide  in  situ  composite  with  binary 
Nb5Si3,  TZM,  PWA1480,  and  monolithic  Nb  alloys. 


Figure  19  Stress  rupture  behavior  of  the  DS  MASC  is  compared  to  that  of  DS  and  SX  Ni-based 
superalloys  in  Larson-Miller  plots  (C  =  20)  where  the  temperature-time  parameter  is  plotted  against  (a) 
rupture  stress  and  (b)  rupture  stress/matenal  density. 


than  that  of  the  compression  data  shown  for  the 
binary  Nb-16  Si  (Nb)-Nb5Si3. 

The  MASC  creep  rupture  behavior  is  shown 
in  the  Larson-Miller  plot  in  Figure  19(a).  Data 
for  an  advanced  DS  Ni-based  superalloy,  and 
an  advanced  generation  single-crystal  (SX)  Ni- 
based  superalloy,  are  also  shown  (Bewlay  et  al., 
1997c).  At  1 100  °C  and  105  MPa  the  rupture  life 
was  greater  than  500  h.  Tensile  stresses  higher 
than  105  MPa  led  to  shorter  rupture  times  at 
either  1000  or  1100°C.  At  low  stresses  the 
behavior  is  similar  to  that  of  the  SX  alloy,  but 
at  high  stresses  it  is  slightly  lower.  The  density- 
normalized  stress  rupture  data  for  the  MASC  is 
also  compared  in  Figure  19(b)  with  those  data 
for  the  DS  and  SX  Ni-based  superalloys.  To 
date,  the  only  tensile  stress  rupture  data  that 
has  been  reported  for  RMICs  is  that  of  the 


MASC.  Figure  19(b)  illustrates  the  increase  in 
specific  rupture  performance  that  results  from 
the  substantial  reduction  in  density  of.  the 
MASC  compared  to  the  third-generation  sin¬ 
gle-crystal  superalloy. 

The  slopes  of  the  Larson-Miller  plots  in 
Figure  19  appear  to  be  lower  than  those  of- 
the  CMSX  alloys,  and  this  may  render  the 
maximum  operating  stress  of  these  materials 
lower  than  that  of  third  generation  superalloys. 
The  rupture  behavior  that  will  be  required  for 
future  applications  will  be  well  beyond  any 
behavior  observed  thus  far.  Current  estimates 
are  that  ultimately  an  80-fold  increase  over 
current  rupture  lives  may  be  required  for  appli¬ 
cation  of  the  silicide-based  composites  (Jackson 
et  al.,  1996).  In  summary,  the  stress  rupture 
behavior  of  the  MASC  is  similar  to  that  of 


604 


High-temperature 


In  Situ  Composites:  Processing  and  Properties 


Stress  (MPa) 


f,g„„  20  Graph  of  second.,,  creep  ra.es  aU^C  and  stresses  of  7^2*0  MPa  for  a  range  of  quaternary 


advanced  single  crystal  Ni-based  superalloys 
and  thus,  after  accounting  for  the  lower  density 
of  the  MASC,  the  creep  behavior  offers  great 
potential. 


3.22.4.5  Compression  Creep  Studies 

In  order  to  achieve  increases  in  the  creep 
performance  of  these  niobium  silicide  based  in 
situ  composites  beyond  the  present  capability, 
more  fundamental  investigations  of  the  effects 
of  alloying  additions,  such  as  Hf,  Ti,  Cr,  Al, 
and  Mo  have  been  performed  (Subramaman 
et  al,  1995;  Henshall  et  al,  1995;  Bewlay 
et  al,  1998).  These  effects  will  be  described  in 
the  following  sections.  Previous  work  on  mono¬ 
lithic  Nb5Si3  suggests  that  creep  deformation  m 
NbjSiq  is  controlled  by  diffusion  of  Nb  in  the 
Nb5Sij  phase  (Subramanian  et  al,  1995).  Creep 
of  composites  is  controlled  by  a  combined  func¬ 
tion  of  creep  in  the  silicide  and  metallic  phases. 
Thus,  elements  such  as  Mo  and  Hf,  that  have  a 


large  atomic  size,  may  be  effective  in  improving 
the  intrinsic  creep  performance  of  the  silicide 
and,  therefore,  the  composite.  Parametric  mod¬ 
eling  has  indicated  that  the  creep  properties  of 
these  composites  are  insensitive  to  volume  frac¬ 
tion  of  metallic  phase  (Henshall  et  al.,  1995); 
this  has  yet  to  be  investigated  experimentally. 


3.22.4.5.1  Nb-Ti-Hf-Si  composites 

Secondary  creep  rates  are  shown  in  Figure  20 
for  a  series  of  quaternary  DS  Nb-Hf-Ti-Si 
alloys  at  a  temperature  of  1200°C  and  at  stress 
levels  in  the  range  140-280  MPa.  These  data  are 
also  shown  in  Table  9,  together  with  data  for 
the  DS  Nb-16  Si  and  the  Nb-7.5  Hf-16  Si 
ternary  alloys.  Hf  concentrations  in  the  range 
7.5-12.5  and  Ti  concentrations  in  the  range  21- 
33  were  examined,  providing  Ti:Hf  fatios  in  the 
range  1. 7-4.4.  The  microstructures  of  these 
composites  are  similar  to  those  shown  in 
Figure  4. 


Table  9  Secondary  creep  rates  at  1200  “C  and  stresses  from  140-280  MPa  for  a  range  of  Nb-Hf  T.  Si 

alloys.  _ 


Composition 

Nb-7.5Hf-16Si 

Nb-7.5Hf-21Ti-16Si 

Nb-7.5Hf-33Ti-16Si 

Nb-12.5Hf-21Ti-16Si 

Nb-12.5Hf-33Ti-16Si 


Constituent 

phases 

(Nb),  Nb3Si 
(Nb),  Nb3Si 

(Nb),  Nb3Si,  (Ti,Hf)sSi3 
(Nb),  Nb3Si,  (Ti.HDsSij 
(Nb),  Nb3Si,  (Ti,H05Si3 


140  MPa  Creep 
rate  (s-1) 

2.3  x  10-8 
2.1  x  10-8 
1.6  x  10-7 
5.5  x  10-8 
3.8  x  10-5 


210  MPa  Creep  280  MPa  Creep 


rate  (s  ) 

4.0  x  10-8 
3.2  x  lO-8 
3.9  x  10-6 
4.8  x  10-6 
Failed 


rate  (s  ) 

4.8  x  10-8 
1.2  x  10~7 
1.1  x  10-5 
Failed 


605 


Mechanical  Properties 

Table  10  S*co„da„  creep  ra.ee  at  1100'C  and  sueeeee  from  70-280MP.  for  a  range  of  Nb-Hf-Tr-Si 

11 _ — +  unth  M  A 


Composition 

70  MPa  Creep 
rate  (s-1) 

140  MPa  Creep 
rate  (s~') 

210  MPa  Creep 
rate  (s-1) 

280  MPa  Creep 
rate  (s-*) 

Nb-8Hf-25Ti-l  6Si 
Nb-3Mo-8Hf-21Ti  — 16Si 
Nb-9Mo — 8Hf-21Ti  16Si 
Nb-8Hf-25Ti-2Al-2Cr-l  6Si 

1.6  x  10-9 

5.2  x  10-9 

1.2  x  10“8 

2.0  x  10-9 

1.2  x  10"8 

2.0  x  10-9 

5.0  x  10-8 

1.3  x  10-8 

1.4  x  10~8 

1.0  x  10-6 

2.9  x  10-9 

1.4  x  10“8 

6.0  x  10-8 
Fail 

Table  11  Secondary  creep  rates  at  1200  °C  and  stresses  from  70-280  MPa  for  a  range 

alloys  modified  with  Mo. 

of  Nb-Hf-Ti-Si 

Composition 

70  MPa  Creep 
rate  (s_l) 

140  MPa  Creep 
rate  (s-1) 

210  MPa  Creep 
rate  (s_  l) 

280  MPa  Creep 
rate  (s-1) 

Nb-7.5Hf-16Si 
Nb-8Hf-25Ti-16Si 
Nb-3Mo-8Hf-2  ITi-l  6Si 
Nb-9Mo-8Hf-2  ITi-l  6Si 
Nb-8Hf-25Ti-2Al-2Cr-16Si 
Nb-16Si 

6.3  x  10-9 

1.4  x  10~8 

2.6  x  10-8 

9.1  x  10-8 

1.7  x  10~9 

2.3  x  10-8 

1.2  x  10-8 

2.5  x  10~8 

2.2  x  10-7 

Fail 

1.5  x  10~8 

4.0  x  10-8 

8.0  x  10~8 

6.4  x  10~8 

4.5  x  10-6 

4.9  x  10-8 

4.8  x  10-8 
Fail 

Fail 

Fail 

The  creep  data  indicate  that  the  Nb-7.5  Hf- 
16  Si  and  the  Nb-16Si  composites  possessed  the 
lowest  creep  rates,  and  that  at  any  selected 
stress  level  and  Hf  concentration  the  creep 
rate  increased  with  increasing  Ti  concentration. 
Clearly,  Ti  and  Hf  additions  can  have  a  signifi¬ 
cant  effect  on  the  creep  performance.  For  ex¬ 
ample,  at  7.5  Hf  increasing  the  Ti  concentration 
from  21%  to  33%  increased  the  creep  rate  from 
2.1  x  10"8  s"1  to  1.6  x  NT7  s"1  at  140  MPa. 
At  stress  levels  of  210  MPa  and  below  there  is 
little  difference  between  the  secondary  creep 
rates  of  the  Nb-16  Si,  the  Nb-7.5  Hf-16  Si, 
and  the  Nb-7.5  Hf-21  Ti-16  Si  compositions. 
At  higher  stress  levels,  the  Ti  additions  have  a 
detrimental  effect  on  creep  performance.  Simi¬ 
larly,  at  Hf  concentrations  of  12.5  and  stress 
levels  of  140  MPa,  increasing  the  Ti  concentra¬ 
tion  from  21%  to  33%  increases  the  creep  rate 
from  5.5  x  10-8  s_l  to  3.8  x  10  s  .  At 
higher  stress  levels  the  effect  of  increasing  the  Ti 
concentration  led  to  premature  failure;  under 
these  conditions  the  composites  could  not  sup¬ 
port  steady-state  creep,  and  they  proceeded 
rapidly  from  the  primary  to  the  tertiary  creep 
regime,  and  failed  prematurely. 

At  any  selected  stress  level,  increasing  the  Hf 
concentration  leads  to  an  increase  in  the  creep 
rate.  For  example,  at  a  stress  level  of  140  MPa 
and  Ti  concentration  of  21%,  increasing  the  Hf 
concentration  from  7.5%  to  12.5%  increases 
the  creep  rate  from  2.1  x  10  s  to  5.5  x 
10-8  s  ,  but  there  is  a  strong  stress  sensitivity 
of  this  effect,  so  that  at  210  MPa  the  creep  rates 
are  3.2  x  10-8s-1  and  4.8  x  10  6s  l,i.e.,  Hf 


concentrations  higher  than  7.5%  provide  a 
strong  sensitivity  of  the  secondary  creep  rate 
to  stress.  However,  the  creep  rates  of  the  Nb- 
7.5  Hf-21  Ti-16  Si  are  similar  to  those  of  the 
Nb-7.5  Hf-16  Si,  and  the  stress  sensitivity  of 
the  creep  rates  are  also  similar. 

These  creep  data  suggest  that  the  Ti:Hf  ratio 
should  be  maintained  at  a  level  less  than  3  and 
the  Ti  concentration  should  be  kept  below 
21%.  The  mechanisms  that  lead  to  increased 
creep  rates  at  higher  Ti,  higher  Hf,  or  higher 
(Hf  +  Ti)  concentrations  are  still  under  inves¬ 
tigation.  One  of  the  effects  that  is  significant  is 
that  at  high  (Ti  +  Hf)  concentrations  the  hP16 
Ti5Si3  type  silicide  is  stabilized  in  preference  to 
the  tI32  Nb5Si3  type  or  tP32  NbjSi  type  silicides 
(Bewlay  et  al.,  1995b;  Sutliff  and  Bewlay,  1998). 
The  Nb5Si3  has  a  higher  melting  temperature 
than  either  the  Ti5Si3  or  the  Hf5Si3,  and  thus  it 
probably  contributes  to  the  improved  creep 
resistance. 


3.22.4.5.2  Mo-modified  composites 

Secondary  creep  rates  are  shown  in  Table  10 
and  11  and  Figure  21  for  temperatures  of 
1100°C  and  1200  °C  for  the  baseline  Nb-8Hf- 
25Ti-16Si,  as  well  as  alloys  containing  3%  and 
9%  Mo  (substituting  Mo  for  Nb).  The  micro- 
structures  of  the  Mo-modified  composites  are 
similar  to  those  in  Figure  4  at  low  Mo  concen¬ 
trations  (up  to  3%),  but  at  higher  Mo  concen¬ 
trations  the  microstructures  are  similar  to  that 
shown  in  Figure  5. 
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Figure  21  Graph  of  secondary  creep  rates  at  1200  °C  and  stresses  of  70-280  MPa  for  a  range  of  Nb-Hf-Ti- 

Si  alloys  modified  with  Mo. 


It  can  be  seen  that  the  performance  of  the 
Nb-7.5  Hf-16  Si  and  the  Nb-8  Hf-25  Ti-16  Si 
are  similar  to  the  Nb-16Si,  but  at  Mo  concen¬ 
trations  greater  than  3%  the  creep  rates  are 
increased  for  temperatures  of  both  1100  and 
1200  °C.  In  comparison  with  the  Nb-8  Hf-25 
Ti-2  Cr-2  Al-16  Si,  the  Mo  additions  have  a 
less  detrimental  effect  on  the  creep  rate  than  the 
Cr  and  A1  additions.  However,  unlike  the  Mo 
additions,  the  Cr  and  A1  additions  are  required 
for  oxidation  resistance  (they  also  appear  to 
provide  some  toughening).  It  appears  therefore 
that  there  is  no  major  benefit  associated  with 
substitution  of  Mo  for  Nb,  even  though  Mo 
additions  may  also  increase  the  strength  of  the 
(Nb).  However,  it  is  not  clear  why  the  substitu¬ 
tion  of  Mo  for  Nb  leads  to  an  increase  in  the 
creep  rate.  Mo  may  stabilize  the  Nb3Si  phase  in 
preference  to  Nb5Si3,  and  it  may  also  lead  to  an 
increase  in  the  volume  fraction  of  the  metallic 


phase.  Both  of  these  effects  could  have  a  detri¬ 
mental  effect  on  creep  performance. 


3.22.4.5.3  Higher  Order  Alloy  Composites 

Starting  with  the  MASC  as  the  baseline  com¬ 
position,  the  effects  of  increasing  Hf,  Ti,  and  Cr 
(substituting  for  Nb)  have  been  examined.  Sec¬ 
ondary  creep  rates  are  shown  at  1200°C  and 
stress  levels  in  the  range  70-280  MPa  in  Table  12 
and  Figure  22  for  a  range  of  composites. 

Figure  22  shows  three  effects.  First,  the  creep 
rate  increased  with  increasing  Ti  concentration 
from  20%  to  30%.  This  may  have  been  due  in 
part  to  the  larger  volume  fraction  of  Hf5Si3  type 
phase  in  the  composite,  as  well  as  the  lower 
melting  temperature  of  the  metallic  phase.  Sec¬ 
ond,  increasing  the  Si  concentration  from  16% 


Table  12  Secondary  creep  rates  at  1200  °C  and  stresses  from  70  to  280  MPa  for  a  range  of  Nb-Hf-Ti-Si- 

Cr-Al  alloys. 


Composition 

70  MPa  Creep 
rate  (s-1) 

140  MPa  Creep 
rate  (s-1) 

210  MPa  Creep 
rate  (s_l) 

280  MPa  Creep 
rate  (s-1) 

Nb-7.5Hf-16Si 

_ 

2.3  x  10-8 

4.0  x  10-8 

4.8  x  10~8 

Nb-8Hf-20Ti-2Al-2Cr-l  6Si 

1.1  x  10“7 

5.0  x  10-7 

2.7  x  10  6 

Fail 

Nb-8Hf-30Ti-2Al-2Cr-l  6Si 

2.4  x  10-6 

Fail 

— 

Nb-1  lHf-25Ti-2Al-2Cr-16Si 

2.2  x  10-6 

Fail 

~ 

_ 

Nb-8Hf-24Ti-2  Al-2Cr- 1 6Si 

7.6  x  10-7 

Fail 

— 

- 

Nb-8Hf-24Ti-2Al-2Cr-l  8Si 

4.7  x  10~7 

Fail 

_ 

Nb-16Si 

1.7  x  10-9 

1.5  x  10“8 

4.9  x  10"8 

— 
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Figure  22 
except  the 


Graph  of  secondary  creep  rates  at  1200  °C  for  a  range  of  Nb-Hf-Ti-Si-Cr-Al  alloys.  All  alloys 
low  Ti  alloy  failed  rapidly  at  stresses  greater  than  70  MPa  and  the  creep  rates  could  not  be 

Hptermined. 


to  18%  (substituting  Si  for  Nb)  led  to  a  slight 
reduction  of  creep  rate  at  1200  °C  and  70  MPa 
from  7.6  x  10-7  s-1  to  4.7  x  10-7  s  .  Third, 
substituting  Hf  for  Nb  appears  to  have  a  detri¬ 
mental  effect  on  the  secondary  creep  rate;  in¬ 
creasing  the  Hf  concentration  from  8%  to  1 1% 
led  to  a  change  in  the  creep  rate  from  7.6  x 
10-7  s_1  to  2.2  x  10"6  s-1  at  70 MPa  and 
1200  °C.  This  was  probably  due  to  the  increase 
in  the  volume  fraction  of  the  Hf5Si3  type  sili- 
cide.  It  appears  that  all  the  six  element  alloys 
have  creep  rates  at  1200  °C  that  are  at  least  an 
order  of  magnitude  higher  than  those  of  the 
composite  generated  from  the  binary  Nb-16Si 
alloy. 

These  observations  regarding  the  effects  of  Ti 
and  Hf  in  these  complex  alloy  composites  are 
all  consistent  with  those  that  were  reported  for 
the  quaternary  Nb— Hf— Ti— Si  alloys.  The  creep 
rates  of  these  composites  at  1 100  °C  are  accep¬ 
table,  but  at  1200  °C  the  creep  rates  are  lower 
than  the  goals.  Further  optimization  of  alloy 
composition,  microstructure,  and  texture  is  re¬ 
quired  to  reduce  composite  creep  rates. 

Subramanian  et  al.  (1995)  have  also  exam¬ 
ined  compression  creep  behavior  at  1 100  °C  and 
1200°C  for  stress  levels  of  70-2 10  MPa  for  a 
range  of  complex  composites  similar  to  the 
MASC.  They  considered  MASC  type  compo¬ 
sites  modified  with  up  to  lOTa,  5Ge,  and  14Cr. 
In  general  the  secondary  creep  rates  were 
slightly  higher  than  those  of  the  MASC 
(which  was  similar  to  that  of  the  composite 
from  the  Nb-lOSi  alloy). 


The  creep  exponents  for  the  Nb— 7.5  Hf— 16  Si 
and  the  Nb-8  Hf-25  Ti-16  Si  were  ~  1  and  ~  2, 
respectively.  At  higher  Hf  and/or  Ti  concentra¬ 
tions  the  exponents  were  increased  substan¬ 
tially.  For  the  Nb-3  Mo-8  Hf-25  Ti-16  Si  the 
creep  exponent  was  ~1  but  at  9Mo  the  expo¬ 
nent  was  ~5.  These  data  suggest  that  at  higher 
alloying  levels  the  creep  rate  is  controlled  less 
by  the  behavior  of  the  monolithic  silicide  for 
which  the  creep  exponent  is  ~  1  (Subramanian 
et  al. ,  1995). 

In  summary,  the  fundamental  studies  on 
quaternary  Nb-Hf-Ti-Si  alloys  and  those  on 
higher  order  alloys  indicate  that  the  addition  of 
Ti,  Hf,  and  Mo  have  a  substantial  effect  on 
composite  secondary  creep  rates.  The  threshold 
Hf,  Ti,  and  Mo  concentrations  above  which  the 
creep  performance  degenerates  beyond  that  of 
the  Nb-16  Si  composite  have  been  defined, 
together  with  the  appropriate  stress  levels  for 
possible  component  operations.  For  example, 
the  data  indicate  that  the  creep  performance  of 
the  Nb-8Hf-25Ti- 1 6Si  is  compatible  with  the 
creep  goals  at  temperatures  up  to  1200  °C. 


3.22.4.6  Physical  and  Thermal  Properties 

There  has  been  relatively  little  work  on  in¬ 
vestigating  the  elastic  moduli  of  this  family  of 
composite  materials.  However,  dynamic  elastic 
moduli  at  room  temperature,  and  at  temp¬ 
eratures  up  to  1200°C  have  been  reported 
by  Bewlay  et  al.  (1996)  for  the  MASC.  The 
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room  temperature  to  1250  “C  of  the  MASC;  the  thermal  expansion  of  the  MASCis_  approximately 
over  this  temperature  range  with  a  coefficient  of  10.45  x  10  c  . 


modulus  at  room  temperature  was  165  GPa  and 
it  decreased  approximately  linearly  with  in¬ 
creasing  temperature  to  140  GPa  at  1200  °C, 
as  shown  in  Figure  23(a).  In  comparison, 
monolithic  Nb5Si3  has  been  reported  to  have 
a  modulus  of  170-210  GPa  at  room  tempera¬ 
ture  (Bewlay  et  al.,  1996).  Thus,  the  modulus  of 
140  GPa  for  the  composite  at  1200  °C  is  very 
promising.  Typical  modulus  values  for  a  third 
generation  Ni  based  superalloy  at  1100°C  are 
75-83  GPa  in  the  <001  >  and  210  GPa  in  the 
<  111  > .  Although  the  specific  modulus  of  the 
MASC  at  1200  °C  is  probably  greater  than  that 
of  Ni-based  superalloys,  the  anisotropy  of  the 
composite  modulus  needs  to  be  investigated  in 
further  detail.  There  has  been  little  work  on 
thermal  diffusivity. 

The  total  expansion  of  the  MASC  to  1250  C 
is  shown  in  Figure  23(b).  The  thermal  expan¬ 
sion  of  the  MASC  is  approximately  linear  over 
this  temperature  range  with  a  coefficient  of 
10.45  x  lO^C-1.  Previously,  monolithic  bin¬ 
ary  Nb5Si3  and  ternary  (Nb,Ti)5Si3  silicides 
were  reported  to  have  expansion  coefficients 
of  ~9.0  x  KT^C-1  over  this  temperature 
range  (Jackson  et  al.,  1994).Typically,  the  ther¬ 
mal  expansion  of  a  monolithic  alloy  of  a  similar 
composition  to  the  metallic  phase  of  this  com¬ 
posite  is  ~9.4  x  KT6  C~'.  These  results  sug¬ 
gest  that  the  expansion  mismatch  between  the 
metal  and  the  silicides  over  this  temperature 
range  is  relatively  small.  Thus,  it  is  expected 
that  the  thermal  ratcheting  between  the  phases 
will  be  negligible,  and  the  interface  between 
composite  phases  will  not  experience  excess 
stress  during  thermal  cycling. 


3.22.4.7  Oxidation  Behavior 

Unfortunately,  the  composites  from  binary 
Nb-Si  alloys  have  very  poor  oxidation  resis¬ 


tance,  as  shown  in  Figure  24.  The  oxidation 
resistance  at  1200  and  1300°C  of  silicide  based 
composites  toughened  with  (Nb)  is  substan¬ 
tially  improved  over  that  of  binary  (Nb)- 
Nb5Si3  composites  by  additions  such  as  Ti, 
Hf,  Al,  and  Cr  (Subramanian  et  al.,  1996;  Jack- 
son  et  al.,  1996),  as  shown  in  Figure  24.  Exter¬ 
nal  and  internal  oxidation  are  the  two  principal 
concerns.  With  regard  to  external  and  internal 
oxidation,  additions  of  Hf  are  also  used  to 
reduce  oxygen  solubility  and  diffusivity  and 
thereby  slow  embrittlement  at  elevated  tem¬ 
peratures  resulting  from  internal  oxidation 
and  oxygen  dissolution  (Subramanian  et  al., 
1996;  Jackson  et  al.,  1996;  Wlodek,  1961). 

A  comparison  of  oxidation  performance  for 
the  DS  MASC  and  Ni-based  superalloys  is 
shown  in  Figure  24  (Bewlay  et  al.,  1996).  The 
DS  MASC  shows  material  losses  at  rates  inter¬ 
mediate  between  the  rapid  losses  of  an  older 
superalloy  like  IN  738,  and  the  improved  oxi¬ 
dation  behavior  of  third-generation  single  crys¬ 
tal  superalloys.  Subramanian  et  al.  (1996,  1997) 
have  reported  similar  oxidation  performance. 
The  dashed  lines  in  Figure  24  indicate  the  goal 
behavior  where  component  surface  tempera¬ 
tures  may  be  1315  °C.  This  goal  is  derived 
from  current  superalloy  capability.  If-superal- 
loys  can  survive  with  surface  temperatures  of 
1150  °C,  then  the  rate  of  metal  loss  for  the  best 
superalloys  at  that  temperature,  ~  25  pm/ 100  h, 
is  a  reasonable  goal  for  the  refractory  metal  in 
situ  composites  at  their  anticipated  maximum 
surface  temperature.  These  oxidation  data  at 
1200  °C  show  a  substantial  improvement  over 
that  of  binary  (Nb)-Nb5Si3  composites  (Jack- 
son  et  al.,  1996,  but  the  oxidation  resistance  of 
this  composite  requires  further  improvement. 
Pesting  behavior  (oxidation  resistance  depen¬ 
dent  on  stress  and  the  defect  content  of  the  test 
sample,  particularly  at  intermediate  tempera¬ 
tures)  does  not  appear  to  be  a  major  problem 
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Figure  24  The  oxidation  behavior  of  silicide-based  composites  is  shown  as  a  function  of  temperature,  and 
compared  with  both  Ni-based  superalloys  and  monolithic  Nb  alloys. 


in  niobium  silicide  based  composites,  there 
are  more  serious  concerns  regarding  internal 
oxidation. 

However,  the  oxidation  resistance  of  these 
materials  is  inadequate  for  blade  temperatures 
as  high  as  2200-2400  F  in  the  combustion  gas 
environment.  The  addition  of  Cr-rich  Laves 
phases  can  provide  further  improvements  in 
the  oxidation  resistance.  The  oxidation  resis¬ 
tance  of  a  (Nb)  +  silicide  +  Laves  composite  of 
a  composition  of  Nb-18  Ti— 7  Hf— 20  Cr— 2  Al— 
18  Si  is  compared  with  that  of  the  MASC  in 
Figure  25  at  1200  °C  (2200  F)  and  1315  °C  (2400 
F).  It  can  be  seen  that  there  is  a  substantial 
improvement  in  the  oxidation  resistance  as  a 
result  of  the  addition  of  33%  by  volume  of  the 
Cr-rich  Laves  phase.  For  the  phase  chemistries 
observed  for  the  alloy,  there  is  ~25  by  volume 
(Nb),  33  by  volume  Laves  phase,  and  42  by 
volume  of  the  several  M5Si3  phases. 

A  study  has  been  performed  to  examine  the 
response  of  oxidation  resistance  at  1200°C 
(2200  F)  and  1315  °C  (2400  F)  to  several  vari¬ 
ables,  including  the  volume  fractions  of  each 
phase,  and  the  bulk  Ti  and  Hf  concentrations 
(Jackson  et  al.,  1994).  A  range  of  additions  was 
investigated,  including  Al,  B,  Ge,  W,  Mo,  and 
V,  and  the  following  trends  were  observed: 
increasing  the  volume  fraction  of  (Nb)  leads 
to  a  reduction  in  the  oxidation  resistance. 


Increasing  the  Ti  concentration  in  the  silicide 
from  12  to  27Ti  increased  the  oxidation  resis¬ 
tance  of  the  composite.  Ti  reduces  the  oxidation 
rate  of  monolithic  (Nb),  but  it  increases  the 
oxidation  rate  of  monolithic  Nb  silicides.  The 
effect  of  Ti  on  the  Laves  phase  oxidation  is 
unknown.  Increasing  the  Hf  concentration  in 
the  silicide  from  10  to  13.5  also  increased  the 
oxidation  resistance  of  the  silicide.  Substitution 
of  Al  for  Si,  Cr,  Nb,  and  Ti  also  improves  the 
oxidation  resistance.  There  is  evidence  that  Al 
can  impart  improved  oxidation  kinetics  for 
both  (Nb)  and  silicide  phases.  However,  there 
are  concerns  regarding  phase  stability  in  these 
composites  for  Al  additions  greater  than  8%, 
because  the  Nb3Al/a  phases  can  be  formed 
(Subramanian  et  al.,  1994,  1997). 

Boron  has  been  shown  to  improve  the  oxida¬ 
tion  resistance  of  a  number  of  monolithic  sili¬ 
cides  (Thom  et  al.,  1993,  1994),  such  as  Mo5Si3- 
and  Ti5Si3  compounds,  as  first  reported  by 
Thom  et  al.  (1994)  and  Akinc  and  co-workers 
(Thom  et  al.,  1993).  Boron  additions  of  6% 
have  also  been  found  to  improve  oxidation  of 
the  Nb-silicide  based  composites.  B  can  occupy 
interstitial  sites  in  the  M5Si3  lattice  (where 
M  =  Mo,  Ti,  Nb,  Cr,  etc),  up  to  a  solubility 
limit  that  varies  depending  on  the  alloying 
elements,  but  it  can  approach  11%  B.  B  acts 
to  improve  oxidation  behavior,  possibly  by 
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Figure  25  Comparison  of  2200  F  and  2400  F  oxidation  resistance  ofN^igTi-Tn^OCr-JAMSSito  the 
MASC  behavior  Data  (a)  for  four  samples  of  MASC  and  nine  of  the  modified  alloy  of  (Nb-18Ti-7Hf- 
20Cr-2Al-18Si)  at  2200  F,  (b)  two  samples  of  baseline  composition  and  four  of  the  Laves  phase  modifie 

allov  at  2400  F. 


changing  kinetics  of  silica  formation,  affecting 
the  viscosity  of  the  oxide  through  glass-like 
formation,  or  by  simply  offering  up  additional 
atomic  species  available  for  oxidation  as  a  stable 
scale.  Additions  of  6%  B  can  reduce  spallation. 
Bulk  B  concentrations  of  3%  and  less  have  little 
effect  on  the  oxidation  performance.  Solubili¬ 
ties  of  B  and  C  in  M5Si3  can  extend  almost  to 
Nowotny-type  M ^Si^B  and  MsSi3C.  However, 
in  the  (Nb,Ti,H0sSi3  system,  B  concentrations 
in  M5Si3  in  equilibrium  with  the  (Nb)  and  the 
Laves  are  generally  very  low  (<  1%).  B  addi¬ 
tions  can  also  lead  to  stabilization  of  the  T2  and 
M5B2Si  type  phases.  Ge  additions  to  Si02  in¬ 
crease  the  expansion  behavior  of  that  oxide  to 
near-equality  with  expansion  of  Nb-base  re¬ 
fractory  alloys  and  they  may  therefore  offer 
potential.  Germanium  additions  of  up  to  4% 
have  also  been  examined,  but  at  this  level  they 
did  not  have  a  beneficial  effect  on  oxidation 
resistance.  The  effect  of  strengthening  elements, 
such  as  W,  Mo,  V,  Ta,  and  Zr  on  oxidation  was 
also  examined.  W,  Mo,  and  V  had  a  highly 
detrimental  effect  on  the  oxidation  resistance. 
Ta  and  Zr  also  had  a  detrimental  effect  but  it 
was  not  as  severe  as  for  W,  Mo,  and  V . 

These  oxidation  data  have  been  character¬ 
ized  by  regression  analyses  for  major  element 
effects  (Nb,  Ti,  Hf,  Cr,  Si,  and  Al),  and  by 
direct  comparison  for  other  addition  elements 
(B.  Ge,  Ta,  Zr,  Mo,  W,  and  V)  (Jackson  and 


Bewlay,  1998).  No  systematic  difference  was 
observed  for  data  sets  of  samples  that  were 
cycled  every  hour  vs.  those  that  were  exposed 
isothermally  overnight  and  cyclically  during  the 
day.  The  following  trends  were  observed: 

(i)  Analysis  of  the  effect  of  the  major  alloy¬ 
ing  elements  on  weight  loss  showed  that  Cr  and 
Si  are  the  most  beneficial,  with  Al  increasing  in 
importance  as  oxidation  temperature  increased. 
It  appeared  that  there  was  a  negative  impact  of 
Hf  on  oxidation,  particularly  at  2400  F,  this  was 
unexpected  and  contrary  to  previous  reports 
(Jackson  et  al.,  1994,  1996).  No  significant  ele¬ 
mental-interaction  effects  were  observed. 

(ii)  The  analysis  of  volume  fraction  effects 
showed  that  reducing  the  volume  fraction  of 
(Nb)  increased  the  oxidation  resistance.  There 
is  an  optimum  balance  between  Laves  volume 
fraction  and  silicide  volume  fraction,  for  a 
given  (Nb)  volume  fraction.  Higher  nominal- 
Ti  silicide  phases  tend  to  reduce  oxidation  loss. 

(iii)  Studies  of  the  effects  of  B,  Ge,  and 
refractory  element  additions  indicate:  (a) 
boron,  especially  at  levels  >  3a/o,  offers  a  ben¬ 
efit  to  the  oxidation  performance  of  the  com¬ 
posite;  (b)  Ge  as  a  partial  Si  replacement  does 
not  benefit  oxidation  due  to  the  absence  of  a 
continuous  protective  silica  layer;  and  (c)  Ta 
and  Zr  are  the  strengthening  elements  that  are 
most  likely  to  help  balance  oxidation  and 
strength. 
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A  regression  analysis  of  the  2200F/100h 
weight  change  data  was  performed  for  the  ele¬ 
ments  Ti,  Hf,  Cr,  Si,  and  Al,  using  only  linear 
effects,  because  the  statistical  evaluation  of  the 
interaction  plots  indicated  that  there  were  not 
any  strong  interaction  pairs.  The  mass  loss  per 
unit  area  can  be  described  by  an  equation  of  the 
form: 

Awt/.4]i2ooc  =  —491  +  7.54*n  +  7.40*0 
+  10.6Asi  -  0.04 A^Hf  +  4.16Aai  (in  mg  cm-2) 

where  the  mass  loss  per  unit  area  is  in  mg  cm-2 
and  the  compositions  are  in  atom  percent.  The 
coefficients  from  the  individual  compositions 
indicate  that  all  elements  except  Hf  have  a 
significant  effect  on  the  mass  loss.  Thus,  if  the 
data  are  re-analyzed  without  Hf,  the  equation  is 
essentially  unchanged. 

A  regression  analysis  of  the  2400F/100h 
weight  change  data  was  performed  for  the  ele¬ 
ments  Ti,  Hf,  Cr,  Si,  and  Al,  using  only  linear 
effects,  providing  the  following  equation: 

Awt//l]i3i5c  =  -1940  +  23.5-Xri  +  30.1JfCr 
+  33.6*5!  -9.3*Hr  +  33.8*Ai  (in  mg  cm-2) 

The  coefficients  of  the  individual  composi¬ 
tions  indicate  significance  for  all  terms  but  Ti 
and  Hf.  For  the  range  of  values  selected,  Cr,  Al, 
and  Si  are  most  important  in  determining 
weight  change  at  2400  F,  while  Ti  has  a  smaller 
positive  benefit  than  at  2200  F  and  Hf  has  a 
larger  negative  effect  than  at  2200  F.  In  Nb- 
based  alloys,  it  has  been  reported  previously 
that  Hf  has  a  beneficial  effect  on  oxidation 
rate,  and  also  a  strong  positive  effect  on  redu¬ 
cing  the  depth  of  internal  oxidation. 

The  key  issue  with  regard  to  Laves  phase 
additions  is  whether  or  not  the  balance  of 
high  and  low  temperature  mechanical  proper¬ 
ties  can  be  maintained  with  these  relatively  high 
volume  fractions  of  Laves  phase.  The  previous 
oxidation  studies  suggest  that  a  minimum  vo¬ 
lume  fraction  of  Laves  phase  is  required  in 
order  to  provide  the  composite  with  adequate 
oxidation  resistance.  Although  oxidation  beha¬ 
vior  of  those  alloys  was  substantially  better 
than  binary  Nb-Si  composites,  they  do  not 
quite  meet  the  oxidation  goal  of  25  pm  lost  in 
100  h.  The  major-element  analyses  suggest  that 
a  good  baseline  chemistry  for  further  improve¬ 
ment  in  oxidation  resistance  can  be  achieved 
and  be  balanced  against  fracture  toughness  by 
concentrating  on  Cr,  Si,  and  Al  concentrations, 
maintaining  Ti  and  Hf  levels  for  their  effects  on 
toughness,  density,  and  internal  oxidation. 

Even  if  the  goal  of  <25  pm  loss/ 1 00  h  at 
1315  °C  is  met,  the  RMICs  will  need  protective 


coatings,  just  as  do  today’s  superalloys.  The 
role  of  RMIC  coatings  has  therefore  also  been 
considered  previously  (Jackson  et  al.,  1996; 
Subramanian  et  al.,  1997;  Cockeram,  1994; 
Cockeram  and  Rapp,  1997).  Pack-siliciding  of 
the  DS  MASC  has  been  reported  to  provide  a 
further  improvement  in  the  oxidation  behavior 
(Jackson  et  al.,  1996).  In  addition,  considerable 
research  has  also  been  performed  on  Mo-based 
silicide  coatings  alloyed  with  W,  B,  and  Ge 
(Jackson  et  al.,  1996;  Cockeram,  1994;  Cock¬ 
eram  and  Rapp,  1997),  that  have  shown  poten¬ 
tial  for  providing  protection  to  1400  °C.  A 
likely  coating  goal  for  Nb-based  RMICs  is 
therefore  ~  10  pm  loss/100  h  in  1315  °C  oxida¬ 
tion,  extrapolating  the  behavior  for  coatings  on 
superalloys  at  1150°C. 


3.22.5  APPLICATIONS/ENGINE 

MATERIALS  ENVIRONMENT 

High-pressure  turbine  blade  temperatures 
have  increased  by  125  °C  since  the  1960s  as  a 
result  of  both  controlled  solidification  to  form 
single  crystal  Ni-based  superalloy  components, 
and  the  use  of  substantial  additions  of  Re,  W, 
Ta,  and  Mo.  The  Nb-based  RMICs  (Subrama¬ 
nian  et  al.,  1996,  1997;  Jackson  et  al.,  1996) 
have  much  higher  potential  application  tem¬ 
peratures,  because  of  their  dramatically  in¬ 
creased  melting  temperatures.  The  estimated 
maximum  temperature  capability  is  ~  200  °C 
higher  than  that  of  current  single  crystal  super¬ 
alloys.  Designs  using  these  RMICs  will  result  in 
service  at  much  higher  bulk  and  surface  tem¬ 
peratures  than  can  be  achieved  with  superalloys 
(Jackson  et  al.,  1996). 

Goals  for  these  RMICs  are  summarized  in 
Table  13.  The  density  goal  for  the  RMICs  is 
<7 gem-3  (25%  lower  than  for  third-genera¬ 
tion  single  crystal  superalloys  ~9.1gcm__3) 
(Jackson  et  al.,  1996);  a  density  of  7.35  gem 
has  already  been  demonstrated  for  the  MASC 
(Bewlay  et  al.,  1996).  Other  composites  of  this 
family  are  reported  to  have  densities  as  low 
as  6.5gcm-3  (Subramanian  et  al.,  1997). 
The  toughness  goal  for  these  materials  is 
>  20MPa  s/m,  together  with  stable  crack 
growth  behavior. 

The  goal  for  creep  performance  is  1%  in  100 
h.  If  there  is  minimal  primary  creep  this  corre¬ 
sponds  to  a  secondary  creep  rate  of  3  x  10“ 8 
s-1.  This  has  been  demonstrated  in  binary 
Nb-Si,  ternary  Nb-Ti-Si,  and  quaternary 
Nb-Ti-Hf-Si  composites,  but  not  in  higher 
order  systems.  However,  anisotropy  of  creep 
properties  has  not  been  examined  and  requires 
further  consideration.  In  addition,  although  the 
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Table  13  Property  goals  and  present  capability  for  Nb-silicide  based  composites. 


Property  goal 

Present  capability 

Density 

1400  °C  phase  stability 

RT  fracture  toughness 
Fatigue-Paris  law  slope 

AKth 

Creep  rupture 

Creep  rate  (s~!)  at  1200  °C 

Oxidation 

<7.0gcm“3 

Total  stability 
>20  MPa>/m 
<5 

>  lOMPa^/m 

100  F  improvement 

3  x  10“f 

-25  pm/100  h 

7.3gcm-3 

Demonstrated  in  silicide-based  composites 

>  20  MPa,/™ 

2-5 

6-13  MPa  vS 

Similar  to  CMSX10 

1  2  x  10-8:  Nb-8Hf-25Ti-l 6Si  (140 MPa) 
1.5  x  10-8:  Nb-16Si  (140 MPa) 

~  250  pm/100  h 

effect  of  volume  fraction  of  (Nb)  on  toughness 
has  been  well  defined  (Bewlay  et  al.,  1995a; 
Henshall  et  al.,  1997),  the  effect  of  volume 
fraction  (Nb)  on  creep  performance  is  less 
well  understood. 

Although  solid  components  are  attractive  for 
early  engine  testing  of  the  RMICs,  due  to  the 
simplicity  of  machining  from  stock  to  final 
part,  applications  in  hollow  parts  will  take 
greatest  advantage  of  the  RMIC  high  tempera¬ 
ture  capability.  The  cooling  techniques  pre¬ 
sently  used  for  precision-cast  Ni-based 
superalloy  single  crystals  will  be  required  for 
RMICs  in  order  to  achieve  their  potential 
200  °C  gains.  At  present  there  is  little  experience 
in  using  RMICs  in  conjunction  with  advanced 
airfoil  cooling  schemes. 

Joining  methods  can  be  used  to  produce 
hollow,  cooled  components  in  order  to  exploit 
the  potential  of  selecting  the  optimum  proces¬ 
sing  method  for  different  parts  of  the  turbine 
component.  For  example,  an  EB-PVD  airfoil 
wall  could  be  joined  to  an  extruded  turbine 
blade  spar  or  root.  This  hybrid  structure  can 
tailor  the  chemistry  and  microstructure  to  opti¬ 
mize  properties  in  the  different  regions  of  the 
component,  and  it  can  also  take  advantage  of 
process  economics  for  thin-wall  vs.  thick-sec¬ 
tion  regions  of  the  component.  The  economics 
of  the  processes  and  the  optimization  of  proper¬ 
ties  will  decide  which  is  ultimately  the  optimum 
method  for  airfoil  manufacture. 

Hollow  RMIC  airfoils  will  require  both  in¬ 
ternal  and  external  coatings  to  prevent  loss  of 
material  by  oxidation/corrosion,  and  to  avoid 
embrittlement  and  subsequent  reduction  in 
fracture  toughness.  Although  coating  systems 
have  been  developed  which  resist  oxidation  at 
temperatures  as  high  as  1400  °C  (Jackson  et  al., 
1996;  Cockeram,  1994;  Cockeram  and  Rapp, 
1996),  defects  in  the  coating  or  foreign  object 
damage  of  the  coating  can  result  in  localized 
coating  failure,  and  rapid  catastrophic  attack  of 
the  underlying  substrate.  Chemical  vapor  de¬ 
position  (CVD),  PVD,  thermal  spray,  plating, 
and  slurry  coating  are  all  processes  that  may 


find  application  for  forming  protective  coatings 
on  RMICs.  It  may  be  possible  to  deposit  inter¬ 
nal  coatings  before  joining  sections  of  the  hol¬ 
low  structures.  For  PVD  processed  sections  of 
components,  EB-PVD  coating  may  become 
integral  to  formation  of  the  load-bearing  struc¬ 
ture. 


3.22.6  FUTURE  DIRECTIONS 

For  the  further  development  of  Nb  silicide- 
based  composites,  fracture  toughness  no  longer 
appears  to  be  a  major  barrier,  provided  that 
further  alloying  additions  do  not  reduce  the 
present  toughness  levels.  The  levels  of  tough¬ 
ness  measured,  the  crack  growth  characteris¬ 
tics,  and  the  ability  to  perform  common 
cutting,  grinding,  and  machining  tasks  with 
standard  practices,  suggest  that  further  im¬ 
provements  in  toughness  are  unnecessary  at 
present. 

Initial  fatigue  data  have  been  obtained  at 
room  temperature;  elevated  temperature  testing 
is  also  required.  Although  earlier  data  on  the 
toughness  of  RMICs  did  not  show  a  significant 
change  in  toughness  at  temperatures  up  to 
500  °C,  this  issue  needs  to  be  considered  in 
more  detail.  Threshold  values  A  Kth  of 
>  10MPav/m,  will  be  required  with  Paris  law 
slopes  not  greater  than  five  for  component 
applications. 

Further  evaluation  of  the  effects  of  both 
alloying  and  processing  modifications  on  the 
properties  outlined  in  the  present  review  is 
necessary  in  order  to  achieve  the  required  oxi¬ 
dation  and  creep  goals.  Alloying  additions  that 
are  introduced  to  improve  one  specific  property 
must  maintain  a  full  balance  of  properties. 
Process  developments  are  required  to  enhance 
RMIC  properties  and  to  establish  the  capability 
to  manufacture  complex  articles  of  these  com¬ 
posites.  Process  developments  will  probably  in¬ 
clude  cold  wall  casting  schemes  and  vapor 
deposition  approaches.  Vapor  deposition  of 
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RMICs  offers  exciting  potential  in  terms  of 
designing  composite  microstructures  and  com¬ 
plex  component  articles  such  as  hollow  blades 
and  vanes.  However,  a  sufficient  combination 
of  chemistry  and  microstructure  control  has 
to  be  developed  to  provide  the  required  balance 
of  high  and  low  temperature  mechanical  prop- 
erties. 

In  the  area  of  oxidation  (see  Chapter  3.17, 
this  volume),  a  further  improvement  in  the  base 
composite  performance  of  a  factor  of  15  is 
required  in  order  to  achieve  the  goal  of 
<25um  loss  per  lOOh  for  component  surface 
temperatures  of  1315  °C  (2400  F).  The  role  and 
performance  of  coatings  for  RMICs  are  still  in 
their  infancy.  Commercial  silicide  coatings, 
such  as  R512E  (20Cr-20Fe-60Si)  have  been 
explored  (Jackson  et  al.,  1996;  Cockeram, 
1994;  Cockeram  and  Rapp,  1997).  However, 
further  basic  research  and  applied  development 
is  required  for  this  area  to  proceed.  In  addition, 
the  effect  of  coatings  on  the  mechanical  proper¬ 
ties  of  the  base  composite  needs  to  be  examined. 


3.22.7  SUMMARY 

This  overview  has  described  the  state  of  the 
art  in  niobium  silicide  based  in  situ  composites. 
This  materials  system  offers  exciting  potential 
for  structural  applications  up  to  1200  C.  Mi¬ 
crostructure,  phase  equilibria,  mechanical  be¬ 
havior,  and  oxidation  performance  have  been 
described. 

Inadequate  fracture  toughness  has  been  a 
major  barrier  to  the  use  of  intermetallic-based 
systems  commercially.  However,  fracture 
toughness  values  in  excess  of  20MPav/m  have 
been  reported  in  silicide-based  composites 
toughened  by  (Nb),  in  combination  with  oxida¬ 
tion  resistances  and  rupture  lives  comparable  to 
those  of  single  crystal  superalloys  for  tempera¬ 
tures  up  to  1150°C.  Creep  performance  and 
environmental  resistance  require  further  im¬ 
provement. 

Phase  equilibria  data  are  required  to  predict 
composite  volume  fractions  and  stability  during 
service.  Phase  equilibria  of  these  in  situ  compo¬ 
sites  can  be  influenced  significantly  by  minor- 
element  additions,  so  that  a  careful  strategy  of 
balancing  alloying  additions  to  produce  the 
desired  structures  for  strength,  toughness,  and 
oxidation  resistance  may  provide  considerable 
flexibility  in  achieving  further  improvements  in 
both  mechanical  properties  and  oxidation  re¬ 
sistance  in  subsequent  alloy  iterations. 

Design  rules  for  alloy  selection  for  oxidation 
performance  have  been  described.  The  benefi¬ 
cial  effects  of  additions  of  a  Cr2Nb  type  Laves 


phase  on  oxidation  resistance  have  also  been 
described.  The  lowest  (Nb)  phase  volume  frac¬ 
tion  results  in  lower  oxidation  losses;  for  a 
constant  37%  by  volume  of  (Nb),  there  appears 
to  be  an  optimum  in  the  proportions  of  Laves 
and  silicide  phases.  Lowering  the  fraction  of 
(Nb)  is  generally  beneficial  to  oxidation  beha¬ 
vior.  There  appears  to  be  an  optimum  balance 
between  Laves  volume  fraction  and  silicide  vo¬ 
lume  fraction  for  a  given  (Nb)  volume  fraction. 
Additions  of  B,  especially  at  levels  greater  than 
3%,  increase  the  oxidation  resistance  of  the 
composite  system.  Although  the  evidence  of 
oxide  chemistry  indicates  that  silica  is  not 
formed  over  the  entire  oxidizing  surface,  so 
that  much  of  the  surface  is  unaffected  by  B  in 
the  silicide,  the  addition  of  B  does  slow  the 
overall  rate  of  oxidation.  Some  of  the  B  parti¬ 
cipates  in  a  T2  M5B2Si  phase  formation,  rather 
than  in  the  silicides. 

Fundamental  studies  on  quaternary  Nb-Hf- 
Ti-Si  alloys  and  those  on  higher  order  alloys 
indicate  that  the  addition  of  Ti,  Hf,  and  Mo 
have  a  substantial  effect  on  composite  second¬ 
ary  creep  rates.  The  threshold  Hf,  Ti,  and  Mo 
concentrations  above  which  the  creep  perfor¬ 
mance  degenerates  beyond  that  of  the  Nb-16Si 
composite  have  been  defined,  together  with  the 
appropriate  stress  levels  for  possible  compo¬ 
nent  operations.  For  example,  the  data  indicate 
that  the  creep  performance  of  the  Nb-8Hf- 
25Ti-16Si  is  compatible  with  a  creep  rate  5  x 
10-8s-1  and  stress  levels  of  up  to  140  MPa  for 
temperatures  up  to  1200  °C. 

Oxidation  and  creep  remain  the  most  serious 
issues  for  the  future  use  of  the  Nb-based 
RMICs.  Although  alloying  additions  to  Nb- 
based  RMICs  have  increased  oxidation  resis¬ 
tance  substantially,  considerable  further  im¬ 
provement  is  needed.  Material  loss  rates  due 
to  oxidation  are  still  only  comparable  with  the 
best  current  superalloys.  Where  superalloys  op¬ 
erate  with  maximum  surface  temperatures  of 
1150  °C,  the  RMICs  will  be  expected  to  operate 
equally  successfully  at  1315  °C.  Thus,  advanced 
airfoil  designs  may  require  up  to  a  200  °C  im¬ 
provement  in  the  oxidation  properties,  and  an 
increase  in  the  stress  rupture  behavior  of  up  to 
three  Larson-Miller  parameters  from  the  pre¬ 
sent  levels. 
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Section  I:  Basic  and  Applied  Research 


Hf-Si  Binary  Phase  Diagram  Determination 
and  Thermodynamic  Modeling 

J.-C.  Zhao,  B.P.  Bewlay,  M.R.  Jackson,  and  Q.  Chen 

(Submitted  20  May  1999;  in  revised  form  17  August  1999) 


A  new  version  of  the  Hf-Si  binary  phase  diagram  has  been  constructed  and  it  includes  recent  confir- 
ma„°' e3?stence  of  the  HfsS'J  Phase  and  observation  of  the  following  eutectoid  reaction:  HfsSij 
Hf2Si  +  HfjSij  at  1925  ±  25  °C.  The  peritectic  reaction,  L  +  HfjSi,  <-»  HfjSij  at  -2360  ±  30  °C,  was 
proposed  with  consideration  of  Brukl’s  incipient  melting  results.  Thermodynamic  modeling  of  the 
binary  Hf-Si  system  was  performed  via  Thermo-Calc  with  existing  phase  diagram  data,  the  experi¬ 
mental  results  described  in  this  paper,  and  the  reported  enthalpies  of  formation  for  Hf  silicides.  A 
complete  thermodynamic  description  of  the  Gibbs  energies  of  all  stable  phases  in  the  binary  system 
was  developed  and  was  consistent  with  the  majority  of  the  phase  diagram  and  thermochemistry  data. 


1.  Introduction 

Niobium  silicide-based  composites  show  high  promise  for 
application  as  the  next  generation  turbine  airfoil  materials 
with  significantly  higher  operating  temperatures  than  current 
generation  advanced  Ni-base  superalloys  [1989Men,  1996Jac, 
1996Sub,  1997Bew].  Hafnium  is  an  important  alloying  ele¬ 
ment  for  strength,  toughness,  and  oxidation  resistance  of  these 
composites  [1996Jac,  1997Bew],  Thus,  the  phase  stability  and 
thermochemistry  of  the  Hf-Si  system,  especially  the  stability 
of  the  Hf3Si3  phase,  is  of  great  interest  to  the  development  of 
the  Nb  silicide-based  composites.  This  work  is  part  of  an  ef¬ 
fort  [  1 999Lia]  to  build  a  thermodynamic  database  for  predic¬ 
tive  modeling  of  phase  equilibria  in  complex  Nb  silicide 
systems. 

The  Hf-Si  phase  diagram  has  been  assessed  by  Gokhale 
and  Abbaschian  [1989Gok].  It  was  mostly  based  on  the  ex¬ 
perimental  results  of  Brukl  [1968Bru].  Five  intermetallic 
compounds,  Hf2Si,  Hf3Si2,  HfiSi*,  HfSi,  and  HfSi2,  have  been 
included  in  the  assessed  phase  diagram.  The  crystal  structures 
of  these  silicides  are  listed  in  Table  1 .  A  Hf3Si3  phase  with  the 
Mn5Si3  (hP\6,  P6fmmc)  crystal  structure  was  identified  by 
[1958Now,  1969Kar].  Several  investigators  included  this 
phase  in  their  phase  diagrams  based  on  their  observations 
[1960Now,  1960Vic,  1971  Shu].  The  Hf5Si3  phase  was  origi¬ 
nally  thought  to  be  stabilized  by  interstitial  impurities  by 
[1968Bru,  1989Gok]  and  was  not  included  in  the  assessed 
phase  diagram  of  Gokhale  and  Abbaschian.  Recently,  Be¬ 
wlay  et  al.  [1999Bew]  found  that  the  Hf3Si3  phase  existed  in 
a  Hf-35  at.%  Si  alloy  containing  very  low  interstitial  impuri¬ 
ties  (total  0,  N,  and  C  concentrations  less  than  100  weight 
ppm);  thus,  O,  N,  or  C  was  not  required  to  stabilize  this 
phase.  In  fact,  Brukl  found  the  Hf3Si3  phase,  although  he  at¬ 
tributed  its  existence  to  interstitial  impurities.  However, 
Brukl  found  that  the  elimination  of  the  Hf3Si3  phase  in  Hf2Si 
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containing  alloys  was  not  possible  even  by  careful  arc  melt¬ 
ing  (to  remove  interstitial  impurities).  As  an  interesting  com¬ 
parison,  Brukl  also  attributed  the  existence  of  a  Zr3Si3  phase 
in  Zr-Si  alloys  to  interstitial  impurities;  however,  the  phase 
was  included  in  the  assessed  Zr-Si  phase  diagram  of 
Okamoto  [1990Oka]  and  also  in  the  thermodynamic  model¬ 
ing  of  Gueneau  et  al.  [1994Gue]  based  on  the  evidence  of 
other  investigations.  The  Hf-Si  and  Zr-Si  phase  diagrams  are 
similar. 

In  addition  to  the  direct  evidence  for  the  existence  of  the 
Hf3Si3  phase  [  1 999Bew],  there  were  also  other  indications  that 
Hf3Si3  was  a  stable  phase  in  the  Hf-Si  binary  system.  Shurin 
and  Todorov  [1971Shu]  found  that  the  Hf3Si3  phase  decom¬ 
posed  eutectoidally  when  annealed  at  1500  and  1 600  °C,  while 
it  remained  stable  at  2000  °C.  Brukl  [1968Bru]  also  reported 
that  this  phase  started  to  decompose  at  temperatures  lower 
than  1600  °C.  All  these  results  are  consistent  with  the  fact  that 
Hf3Si3  is  a  stable  phase  in  the  Hf-Si  binary  system.  * 

The  upper  stability  temperature  of  the  Hf3Si3  phase  was 
estimated  at  2360  ±  30  °C,  based  on  the  incipient  melting 
and  collapsing  data  of  Brukl  [1968Bru],  The  incipient  melt¬ 
ing  and  collapsing  data  exhibited  a  small  plateau  in  the  phase 
diagram  while  there  was  an  invariant  reaction,  as  shown  in 
Fig.  1 .  It  seems  that  there  was  a  plateau  at  about  2360  ±  30  °C 
in  the  composition  region  close  to  Hf3Si3;  thus,  this  temper¬ 
ature  was  tentatively  accepted  for  the  peritectic  reaction, 

L  +  Hf3Si2  Hf3Si3.  The  lower  stability  (eutectoid)  tem¬ 
perature  has  been  determined  experimentally  in  the  present 
investigation. 

The  remainder  of  the  Hf-Si  phase  diagram  used  for  the 
present  thermodynamic  modeling  was  based  on  Brukl 
[1968Bru],  which  agreed  with  the  assessment  of  Gokhale  and 
Abbaschian  [  1 989Gok].  There  were  very  little  data  on  the  liq- 
uidus.  The  invariant  reactions  and  their  temperatures  are 
listed  in  Table  2. 

The  only  available  thermochemistry  data  for  the  Hf-Si  bi¬ 
nary  system  were  the  enthalpies  of  formation  for  the  Hf  silicides 
[1957Smi.  1971Gol.  1976Bon,  1980Sam,  1988Boe,  1990Top 
1998Mes],  as  shown  in  Table  3.  The  data  of  [  1971  Gol 
1976Bon]  will  be  discussed  in  more  detail  after  the  thermo- 
dynamic  modeling. 
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Table  1  Crystal  structures  of  the  Hf  sillddes 


Phase 

Prototype 

Space  group 

HfjSi 

AljCu 

/4 fmem 

HfjSij 

Mn*Sij 

P6Jmem 

HfjSij 

U^Sig 

PAfmbm 

HfjSij 

Zr#S4 

WA  2 

HfSi 

FeB 

Puma 

HfSia 

ZfSia 

Cmcm 

5183876232  TO  817037679089 
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Lattice  parameters,  nm 


Reference 


a  =  0.6533,  c  =  0.5 1 86 
a  *  0.7844,  e  =  0.5492 
<j  =  0.6988,  co  0.3675 
a  rn  0.7039,  e«  1.283 
a  *  0.6889,  bm 0.3772,  c  =  0.5223 
a  =  0:3672.  h  -  t,457,  e  -  0.3641 


11972 Hav,  WIVil] 
[1969Kar.  1991  Vil] 
[1969KU.  1991  Vil] 
[I969Kar.  1991  Vfl] 
[1969 Kar,  1991 VU] 
[1969KU-.  1991  Vil] 


Table  2  invariant  reactions  of  the  Hf-Si  binary  system 


Reaction 

Type 

Temperature 

(experimental), 

"CUKSBra] 

Temperature 
(calculated),  *C 

Liquid 
composition 
(experimental), 
at.%  Si  [1968  Bru] 

liquid 

enmpasitkm 

(calculated), 

m*%  5i 

L«-»hce(H0-t-Hfi5i 

Eutectic 

1831  ±5 

1828 

U-5±t 

1  u 

B«<Hf)  + HfjSi «  hep  (Hf) 

Peritectoid 

1743  (forHf) 

1743 

' •  • 

L + HfjSl.  <->  Hf3Si 

Peritectic 

2083  ±12 

2086 

... 

17,9 

L  + HfjSij  <-4  HfjSij 

Peritectic 

2360  1  30(a) 

2357 

111 

HfjSij  4-»  HfiSi  +  HfjSij 

Eutectoid 

1925  1  25(b) 

\m 

... 

. . . 

L  HfjSij 

Congruent 

2480120 

2480 

40 

40 

HfjSij  +  L  64  HfjSi. 

Peritectic 

2320115 

2313 

... 

54.6 

HfjSi, + L  +-y  HfSi 

Peritectic 

2142115 

2133 

... 

62,8 

HfSi  +  L  HfSi, 

Peritectic 

1543  1  8 

1546 

... 

80.8 

L±  HfSij+ diamond_A4  (Si) 

Eutectic 

133018 

1325 

91  ±2 

90.8 

(a)  Estimtud  in  the  present  study,  (b)  Measured  in  die  present  study 


FIg.1  Comparison  of  the  calculated  phase  diagram  with  the  expert* 
mental  data.  See  Table  I  for  invariant  reaction  temperatures  and  their 
comparison  with  experimental  data  [l968Bnt]. 


The  aim  of  this  paper  is  to  measure  the  eutectoid  decom¬ 
position  temperature  of  HfjSij  and  to  perform  thermodynamic 
modeling  of  the  binary  system. 


2.  Experimental  Procedures  and  Results 

A  binary  Hf-35  at%  Si  alloy  was  prepared  from  >99.9%  Hf 
(not  including  Zr)  and  99.999%  Si  by  induction  levitation 
melting  in  a  segmented  water-cooled  copper  crucible.  The 
alloy  was  triple  melted.  The  interstitial  levels  of  the  Iff  were 
C  <  11,  O  <  52,  and  N  <22  weight  ppm.  Chemical  analyses 
were  performed  on  the  starting  materials  but  not  on  the  final 
cast  alloy.  However,  It  has  been  shown  previously  that  the 
cold  crucible  melting  system  prevents  any  increase  in  the 
interstitial  levels  from  those  in  the  starting  elements 
[1997Hen].  There  is  indigenous  Zr  in  essentially  all  com¬ 
mercially  available  Hf.  The  Zr  content  in  the  cast  alloy  was 
estimated  at  —2  at.%,  Fortunately,  the  ZrjSij  phase  has  sta¬ 
bility  very  similar  to  Hf5Si3;  this  can  be  appreciated  by  the 
similarity  of  the  Hf-5i  and  Zr-Si  binary  phase  diagrams.  For 
this  reason,  Zr  does  not  significantly  affect  the  results  for  the 
Hf-Si  alloy. 

The  as-cast  microstructure  consisted  of  primary  HfjSij, 
peritectic  Hf2Si,  and  a  eutectic  of  HfjSi  and  a  Hf-Si  solid 
solution  (Hf).  Detailed  characterization  of  the  as-cast 
structure  was  described  in  [1999Bew],  According  to  the 
phase  diagram  shown  in  Fig.  1,  the  primary  phase  for  the 
Hf-35  at.%  Si  alloy  should  be  HfjSij.  However,  since  the 
cooling  rate  during  solidification  was  low  and  the  peritectic 
(L  +  HfjSij  <->  HfjSij)  reaction  temperature  was  very  high 
(23fi0  ±  30  °0,  it  is  probable  that  the  primary  HfjSi*  phase 
transformed  to  Hf$Si3. 
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Table  3  Enthalpies  of  formation  for  the  Hf  silicides 
at  25  *C  (298  K)  of  the  Hf-Si  system  in  kJ/(mole  of  atoms) 


Phase 

Enthalpy  of  formation 

Reference  and  comments 

HliSi 

-62.7 

|I980Sam] 

-72.0 

[1988Boc]  -  predicied(a) 

H53.8 

ITUs  wortt-  modeling 

HfgSij 

-702  ±3.3 

H97IGo1] 

-702 

[l$80Sam] 

-79.0 

[1988Boe]  -  predicted(a) 

—68.5 

This  work  -  modeling 

Hf,Si2 

-83.0 

[198$Boc]  -  predJcttd(a) 

-80.0  ±4.7 

[1990Top]  at  1473  ±  2  K 

-76.8 

This  work  -  modeling 

HfgSU 

-75*0 

This  work  -  modeling 

HfSi 

-71. t  ±4,6 

[t97lGoIJ 

-71.1 

[19805am] 

-91.0 

Il988Boe]  -  predicted(a) 

-70.9  ±2.0 

[1998Mes]aiI473±2K 

-73.0 

This  work  -  modeling 

HfSIi 

-55.7  to  -69,7 

(1957$mi]  *  estimated  from 
volume  contraction 

-75.2 

[l980Sam] 

-74.0 

[IHftBoej  -  prcdictctka) 

•  -69.7 

This  wo*  -  modeling 

{*)  Predicted  uebig  xmicmpLrlcal  Miofona  model  [19$$fioe] 

The  as -cast  samples  were  cot  into  pieces  and  wrapped  in 
NO  foil  (for  heat  treatment  temperatures  <1700  °Q  or  Ta  foil 
(for  heat  treatment  temperature*  >  ] 700  °C)  and  heat  treated  at 

1500  °C  (100  h),  1650  CC  (50  h).  1700  °C  (10O  h).  1800  'C 
(20  h),  1900  °C  (20  h),  and  1950  °C  (5  h),  respectively.  The 
annealing  time  for  each  temperature  was  selected  to  minimize 
interstitial  contamination  from  the  furnace  atmosphere. 

All  of  the  samples  were  examined  by  baclcscatter  electron 
(BSE)  imaging  using  scanning  electron  microscopy  (SEM). 
Phase  identification  was  also  performed  using  an  electron 
backscatter  pattern  (EB$P)  technique  for  election  diffraction 
in  SEM.  This  technique  allowed  easy  selection  of  micro- 
structural  features  using  BSE  imaging  for  rapid  diffraction 
pattern  collection  and  analysis.  A  CamScan  CS44  scanning 
election  microscope  (CamScan  Electron  Optics,  Ltd.,  Cam¬ 
bridge,  England)  was  operated  using  a  40  kV,  -10  nA  elec¬ 
tron  beam,  and  the  sample  surface  normal  was  tilted  70°  away 
from  the  beam  axis.  A  Nordiff  (Jarle  Hjelen  Ltd.,  Trondheim, 
Norway)  CCD-based  EBSP  detector  was  used.  Positive 
phase  identification  was  accomplished  by  direct  comparison 
of  the  location  and  character  of  the  diffraction  bands  in  the 
experimental  pattern  with  those  calculated  from  simulated 
patterns  generated  using  the  possible  structure  types  and  lat¬ 
tice  parameters. 

The  microstructure  of  the  Hf-35aL%Si  annealed  at  1950  °C 
consisted  mostly  of  the  HfjSij  and  as  shown  in  Fig.  2, 
Theca  phases  were  identified  using  EBSP,  a$  shown  in  Fig.  3 
and  4.  It  is  clear  that  the  primary  HfsSi,  phase  did  not  decom¬ 
pose  at  1950  °C. 

At  temperatures  S1900  °C,  the  primary  HfcSi,  phase  under¬ 
went  a  eutectoid  decomposition  into  HfjSi  and  as  shown 


Fig.  2  BSE  image  of  a  Hf-35at%Si  alloy  heat  treated  at  1950  °C 
for  5  h.  The  darker  phase  with  cracks  is  HfjSij  and  the  lighter  phase 
is  Hf3Si.  Note  that  the  HfjSij  ph&&*  was  stable  at  this  temperature. 


in  Fig.  5,  The  two-phase  region  in  Fig.  5  was  the  eutectoid 
decomposition  product  of  the  primary  HfjSij  phase.  Again,  the 
crystal  structure  of  the  phases  was  identified  using  EBSP.  The 
EBSP  pattern  of  the  HfgSb  phase  is  shown  in  Fig.  6. 

Baaed  on  the  above  data,  it  is  clear  that  the  eutectoid  reac¬ 
tion,  HfgSij  4-4  HfzSi  +  HfjSi*,  exists  at  1025  ±  25  °C. 

3.  Thermodynamic  Modeling  Procedures 
and  Results 

Thermo-Calc  [  1 985Sun]  was  employed  for  optimizing  the 
thermodynamic  parameters  and  also  for  the  calculation  of  the 
phase  diagram  and  enthalpies.  The  pure  elemental  data  for 
Hf  and  Si  were  taken  from  the  Scientific  Croup  Thermodata 
Europe  (SGTE)  database  [1991Din],  * 

The  solubility  of  Si  in  Iff  (both  the  bcc  and  hep  phases)  was 
estimated  at  <1  at.%;  similarly,  the  solubility  of  Hf  in  Si  was 
also  very  low  [1968Bru].  Thus,  the  three  solid  solution  phases, 
bcc,  hep,  and  diamond_A4,  were  treated  as  pure  substances. 
The  Gibbs  energy  of  the  liquid  phase  in  terms  of  1  mole  of 
atoms  was  treated  as  a  disordered  solution  with  a  Subregular 
solution  model;. 


Gm  —  XH!  G&  4-  *s,  RT(*W  In  A’rtf 

+*Si  ln-*s)  +  -*Hf-*5l  XT/fo*  -XS|)" 

where  x,  and  are  the  mole  fraction  and  the  liquid  pW» 
molar  Gibbs  energy  of  element  i  (i = Hf,  Si),  R  is  the  gas  con¬ 
stant,  and  T  is  temperature.  The  last  term  in  the  above  equa¬ 
tion  is  the  excess  Gibbs  energy  with  interaction  parameters 
expressed  in  Redlich-Kister  polynomials  [1948Red].  All  the 
Hf  silicides  were  treated  as  having  stoichiometric  composi¬ 
tions  and  their  Gibbs  energies  were  described  by 

Oh(^=xw 
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Fig.  3  EBSP  of  HfjSis  (a),  with  the  indexed  pattern  shown  in  (b).  Fig.  4  EBSP  of  Hf2Si  (a),  with  the  indexed  pattern  shown  in  (b). 


where  AG, = a  +  bT  is  the  molar  Gibbs  energy  of  formation  of 
the  compound,  and  a  and  b  are  constants  generated  by  the  op¬ 
timization. 

The  model  parameters  were  optimized  from  the  experi¬ 
mental  phase  diagram  information,  especially  the  invariant  re¬ 
action  temperatures,  as  well  as  the  enthalpy  of  formation  data 
of  the  silicides  (Table  3). 

The  modeled  thermodynamic  parameters  are  listed  in 
Table  4.  The  calculated  phase  diagram  is  shown  in  Fig.  I .  It  can 
be  seen  from  Fig.  1  and  Tables  2  and  3  that  the  calculated  phase 
diagram  and  enthalpies  agree  well  with  the  majority  of  the  ex¬ 
perimental  data.  All  the  invariant  temperatures  were  within  the 
error  of  the  experimental  measurements.  The  enthalpies  of  for¬ 
mation  of  Samsonov  and  Vinitskii  [1980Sam]  agree  best  with 


our  assessed  values,  as  shown  in  Fig.  7  and  Table  3.  The  en¬ 
thalpies  of  formation  predicted  by  Boer  et  ai  [1988Boe]  were 
lower  than  both  the  experimentally  determined  data  and  our  as¬ 
sessed  values.  The  enthalpies  of  formation  data  of  Golutvin  and 
Maslennikova  [  1971Gol]  showed  wide  scatter,  especially  in  the 
composition  range  of  -40  to  -65  at.%  Si.  This  is  partly  due  to 
the  fact  that  some  alloys  may  have  been  in  non-equilibrium 
states;  for  instance,  their  42.4  at.%  Si  alloy  contained  three 
phases  (Hf3Si2  +  Hf5Si4  +  Hf5Si?).  whereas  at  equilibrium,  there 
should  be  Hf?Si2  +  Hf5Si4  (two-phase  state)  according  to 
the  phase  diagram.  Due  to  the  wide  scatter,  the  enthalpy  data  of 
[197 1  Gol]  were  not  included  in  the  present  modeling. 

The  temperature  variation  of  the  enthalpy  of  a  Hf-66.7 
at%  Si  alloy  with  the  HfSi:  phase  at  298  K  as  a  reference 
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Table  4  Thermodynamic  parameters  for  the  phases  in  the  Hf-Si  binary  system(a) 

Liquid:  °L1  =  -177,631  +6.42546r  'L^-1830 

Hf:Si:  GHf2si  =  0.667  0G$  +  0.333  “Gs!"™'*1  -  63,785  +  1.5413r 
HfjSi,:  GHr,si3  =  °-625  +  0.375  °Gt‘*™M  -  68,537  +  0.8 1537 

Hf,Si2:  GHf,s,,  =  0.600  °G$  +  0.400  0Gj"DOOd  -  76,772  +  2.82967 
HfjSL:  GHf5si4  =  0.556  “Gf?  +  0.444  0 Gf™*  -  74,987  +  2.05567 
HfSi:  Ghisi  =  0.500  °C?S?>  +  0.500  "Gf*™"4  -  73,013  +  1.95977 
HfSi2:  Gms.j  =  0.333  “Gj?  +  0.667  “GSr”4  -  69,725  +  10.4807 

(a)  All  values  are  in  SI  units  and  for  1  mole  of  atoms.  The  thermodynamic  data  for  pure  Hf  and  Si  were  adopted  from  SGTE  and  can  be  found  in  [199 1  Din], 


Fig.  5  BSE  image  of  a  Hf-35  at%  Si  alloy  heat  treated  at  1 800  °C 
for  20  h.  The  large  gray  dendrites  are  Hf2Si.  The  dendrites  are  sepa¬ 
rated  by  two-phase  regions  of  Hf2Si  (lighter)  and  Hf,Si2  (darker) 
phases,  which  are  products  of  the  eutectoid  decomposition  of  the  pri¬ 
mary  Hf5Si3  phase. 

state  is  shown  in  Fig.  8.  The  calculated  results  agree  well 
with  the  experimental  data  of  Bondarenko  [1976Bon], 

4.  Conclusions 

A  new  version  of  the  Hf-Si  binary  phase  diagram  was 
constructed  in  which  the  Hf5Si3  phase  was  included  as  a  sta¬ 
ble  phase  in  the  binary  system.  A  complete  thermodynamic 
description  of  the  Gibbs  energies  of  all  stable  phases  in  the 
system  was  developed.  This  was  consistent  with  the  major¬ 
ity  of  the  phase  diagram  and  thermochemistry  data.  The  cal¬ 
culated  invariant  reaction  temperatures  were  within  9  °C  of 
the  experimental  data  of  Brukl  [1968Bru].  The  global  opti¬ 
mization  of  both  phase  diagram  and  thermochemistry  data 
has  been  used  to  check  the  reliability  of  the  experimental  re- 
1  suits.  The  enthalpy  of  formation  data  of  [1976Bon,  1980Sam, 
1990Top,  1998Mes]  agree  well  with  one  another  and  they  also 
agree  well  with  the  optimized  results.  The  current  assessment 
takes  into  account  the  existence  of  the  Hf5Si3  phase  and  the 
eutectoid  reaction,  Hf5Si3  Hf2Si  +  Hf3Si2,  at  1925  ±  25  °C. 
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Fig.  7  Comparison  of  calculated  and  experimental  enthalpies 
of  formation  of  the  Hf  silicides  at  25  °C  (298  K). 


Fig.  8  Comparison  of  calculated  and  experimental  H{T)  -  °//Hfsi,298 
for  a  Hf-66.7  at.%  Si  alloy 
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MICROSTRUCTURAL  RESPONSE  OF  DS  Nb-SHJCIDE  IN-SITU  COMPOSITES  DURING 
HIGH-TEMPERATURE  CREEP  TESTING 


B.P.  Bewlay  and  S.D.  Sitzman 

General  Electric  Corporate  Research  and  Development,  Schenectady,  New  York  12301 

Directionally  solidified  (DS)  in-situ  composites  based  on  (Nb)  and  Nb  silicides,  such  as  Nb5Si3 
and  Nb3Si,  are  being  investigated  for  high-temperature  structural  applications  [1,  2].  The  use  of 
alloying  additions,  such  as  Hf,  Ti  and  Mo,  to  these  silicides  is  required  to  enhance  their 
properties.  The  present  paper  describes  the  microstructural  response  of  a  DS  Nb-silicide  based 
composite  to  creep  testing. 

The  composites  investigated  were  directionally  solidified  from  a  molten  alloy  using  the 
Czochralski  method  as  described  previously  [2].  Creep  tests  were  conducted  at  1200°C  to  strains 
of  up  50%.  Microstructure  and  microtexture  characterizations  were  performed  using  scanning 
electron  microscopy,  electron  microprobe  analysis  (EMPA),  and  electron  backscatter  diffraction 
pattern  analysis  (EBSP). 

Microstructures  of  the  longitudinal  section  of  a  DS  composite  generated  from  a  Nb-12.5Hf-33Ti- 
16Si  alloy  are  shown  in  Figure  1  in  the  as-DS  (left  hand  side)  and  the  DS+creep  tested  conditions 
(right  hand  side).  The  as-DS  microstructure  possessed  elongated  faceted  primary  dendrites  and  a 
fine-scale  eutectic.  EBSP  identified  the  faceted  dendrites  as  M3Si-type  tI32  (where  M  denotes 
Nb,  Hf  and  Ti),  and  the  fine-scale  eutectic  as  M5Si3  (hP16  crystal  strcuture)  and  (Nb).  In  the 
phase  colored  images  of  the  second  row  of  Figure  1,  the  M3Si  is  blue,  the  MsSi3  is  green  and  the 
(Nb)  is  red.  The  [001]  Nb3Si  and  the  [0001]  (Hf,Ti)5Si3  were  parallel  to  the  growth  direction. 

The  creep  deformed  DS  composite  displayed  bent  M3Si  dendrites  and  break-up/refinement  of  the 
eutectic  M5Si3  and  (Nb).  Quantitative  characterization  of  the  strain  within  the  phases  was 
performed  using  EBSP.  Orientation  images  and  a  corresponding  <00 1>  pole  figure  of  the  M3Si 
dendrites  and  a  [0001]  pole  figure  of  the  MsSi3  eutectic  are  shown.  The  colors  in  the  orientation 
images  correspond  with  the  individual  pole  colors  on  the  pole  figures.  The  DS  direction  and  the 
creep  deformation  directions  are  also  shown.  The  [001]  M3Si  and  the  [0001]  MsSi3  have  rotated 
such  that  they  are  almost  perpendicular  to  the  deformation  direction. 
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FIG.  1.  Microstructures  of  the  longitudinal  section  of  a  Nb-12.5Hf-33Ti-16Si  composite  before  and 
after  creep  deformation  at  1200  °C.  The  left-hand  side  figures  show  the  microstructure  and  EBSP 
orientation  images  of  a  DS  region.  The  [001]  Nb3Si  and  the  [0001]  (Hf,Ti)5Si3  were  parallel  to  the 
growth  direction.  The  right-hand  side  figures  show  the  microstructure  and  EBSP  orientation  im¬ 
ages  of  a  region  after  creep  deformation.  The  [001]  Nb3Si  and  the  [0001]  (Hf,Ti)5Si3  have  rotated 
such  that  they  are  almost  perpendicular  to  the  deformation  direction. 
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ABSTRACT 

Nb-silicide  composites  combine  a  ductile  Nb-based  solid  solution  with  high-strength  silicides, 
and  they  show  great  promise  for  aircraft  engine  applications.  Previous  work  has  shown  that  the 
silicide  composition  has  an  important  effect  on  the  creep  rate.  If  the  Nb:(Hf+Ti)  ratio  is  reduced 
below  ~  1 .5,  the  creep  rate  increases  significantly.  This  observation  could  be  related  to  the  type  of 
silicide  present  in  the  material.  To  understand  the  effect  of  each  phase  on  the  composite  creep 
resistance,  the  creep  rates  of  selected  monolithic  phases  were  determined.  To  pursue  this  goal, 
monolithic  alloys  with  compositions  similar  to  the  Nb-based  solid  solution  and  to  the  silicide 
phases,  Laves,  and  T2  phases,  were  prepared.  The  creep  rates  were  measured  under  compression 
at  1 100  and  1200°C.  The  stress  sensitivities  of  the  creep  rates  of  the  monolithic  phases  were  also 
determined.  These  results  allow  quantification  of  the  load  bearing  capability  of  the  individual 
phases  in  the  Nb-silicide  based  in-situ  composites. 


INTRODUCTION 

Nb-silicide  based  in-situ  composites  are  being  explored  for  structural  applications  at  very  high 
temperatures  [1-4].  These  composites  consist  of  Nb5Si3  and  Nb3Si  type  silicides  toughened  with  a 
Nb  solid  solution  (abbreviated  by  (Nb)  in  the  present  paper).  More  recent  Nb-silicide  based  in-situ 
composites  are  highly  alloyed  with  elements  such  as  Cr,  Ti,  Hf,  B  and  Al.  These  in-situ  compos¬ 
ites  have  demonstrated  a  promising  combination  of  high-temperature  strength,  creep  resistance,  and 
room-temperature  fracture  toughness  [1-3].  With  the  appropriate  combination  of  alloying  elements 
it  is  possible  to  achieve  the  required  balance  of  room  temperature  toughness  and  high  temperature 
creep  resistance.  Alloying  elements  such  as  Cr  and  B  have  beneficial  effects  on  oxidation  resis¬ 
tance,  stabilizing  Laves  phases  and  T2  niobium  borosilicide  phases,  respectively.  The  Nb5Si3  and 
Nb3Si  have  the  tI32  and  tP32  ordered  tetragonal  structures  with  32  atoms  per  unit  cell.  The  unit 
cells  also  possess  large  lattice  parameters;  the  large  Burgers  vectors  and  complex  dislocation  cores 
associated  with  these  structures  would  suggest  that  dislocation  creep  makes  only  a  small  contribu¬ 
tion  to  creep  deformation  in  these  silicides.  When  Nb5Si3  is  alloyed  with  Ti  and  Hf,  the  less 
complex  hP16  structure  can  also  be  stabilized  [1, 6].  The  Laves  phases  typically  have  C14,  C15, 
or  more  complex  structures  of  a  hexagonal  form  [3]. 

The  present  study  was  performed  to  determine  the  creep  rates  of  monolithic  intermetallic 
phases  and  to  develop  the  constitutive  creep  laws  for  these  phases.  These  creep  laws  are  also 
required  to  perform  predictive  modeling  of  more  complex  two-phase  and  multi-phase  systems  [7]. 
The  monolithic  phases  described  in  this  paper  were  produced  by  directional  solidification,  or  arc 
melting,  followed  by  homogenization  heat  treatments.  Previous  work  indicated  that  creep  defor¬ 
mation  in  binary  Nb5Si3  is  controlled  by  bulk  diffusion  of  Nb  in  the  Nb5Si3  [4].  The  aim  of  the 
present  paper  is  to  describe  high-temperature  creep  behavior  of  the  monolithic  intermetallic  phases  that 
exist  in  Nb-silicide  in-situ  composites. 
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EXPERIMENTAL 


The  samples  were  prepared  using  directional  solidification  [  1 , 3]  or  multiple  arc  melting.  The 
starting  charges  were  prepared  from  high  purity  elements  (>99.99%).  The  samples  were  examined 
using  scanning  electron  microscopy  and  Electron  Back-Scatter  Diffraction  in  the  SEM  (EBSD). 

The  compositions  of  the  monolithic  phases  that  were  investigated  are  shown  in  Table  I.  The 
compositions  of  these  monolithic  alloys  were  selected  on  the  basis  of  electron  microprobe  analyses 
(EMPA)  of  the  phases  in  multi-phase  composites  [1,3].  The  monolithic  phases  that  were  gener¬ 
ated  from  ternary  alloys  were  given  the  post-script  3,  for  example,  the  Nb5Si3  modified  with  10% 
Ti  was  described  by  silicide-3.  The  monolithic  phases  that  were  generated  from  quaternary  and 
higher-order  alloys  were  given  the  post-script  C,  such  as  silicide-C.  The  hP16-3  composition  was 
based  on  EMPA  of  the  hP-16  in  previous  studies  [8],  The  hP16-C  composition  was  based  on 
analyses  of  the  hP16  phase  in  complex  composites  [1].  The  (Nb)  compositions  were  based  on 
EMPA  data  from  binary  Nb-Si,  ternary  Nb-Ti-Si  [8]  and  higher  order  alloys  [1], 

The  microstructure  of  hP  16-3  consisted  principally  of  the  hP  16  phase,  as  confirmed  using 
EBSD,  and  a  volume  fraction  of  -0.05  of  residual  bcc  (Nb).  The  homogenization  treatment  was 
not  completely  effective  in  removing  the  eutectic  (Nb)  associated  with  solidification.  The  micro¬ 
structure  of  the  hP16-C  was  similar  to  that  of  the  hP16-3.  The  grain  size  of  the  hP16  phase  for 
both  alloys  was  -lOOprn.  The  other  monolithic  alloys  were  essentially  single  phase  with  only 
minor  volume  fractions  of  phases  emanating  from  solidification  segregation. 

Compression  creep  tests  were  performed  at  a  temperatures  of  1 100  and  1200°C,  and  at  stress 
levels  in  the  range  70-280  MPa.  The  cylindrical  specimens  that  were  used  were  7.6  mm  in  diameter 
and  up  to  30  mm  in  length.  The  samples  were  machined  by  EDM  to  final  dimensions.  In  each  test 
the  sample  was  placed  between  two  1 8.7  mm  diameter  silicon  nitride  platens  to  prevent  breakage  of 
the  graphite  rams.  Pure  niobium  foil  was  placed  at  the  interface  between  the  platens  and  the  sample 
to  prevent  any  contamination  of  the  sample  or  reaction  with  the  platens.  Creep  testing  was  performed 
in  a  vacuum  of  -4x1 0'5  Torr. 


Table  1 :  Compositions  of  the  monolithic  phases  that  were  investigated  ( the  compositions  are  given 
in  atom  per  cent).  The  silicide  phases  are  both  Nb5Si3-based. 


PHASE 

Nb 

Ti 

Hf 

Si 

Cr 

Al 

B  | 

Laves-C 

21.0 

11.0 

5.5 

8.5 

53.0 

1.0 

Laves-3 

30.0 

15.0 

55.0 

Silicide-C 

38.5 

16.0 

6.0 

37.0 

1.0 

1.0 

0.5 

Silicide-3 

53.0 

10.0 

37.0 

T2-C 

41.5 

13.0 

3.0 

12.5 

4.0 

0.5 

25.5 

|  T2-3 

62.5 

12.5 

25.0 

I  hP16-3 

20 

44 

36.0 

hP16-C 

25.5 

25.5 

13 

36.0 

(Nb)3Si-C 

49.0 

18.2 

7.8 

25.0 

(Nb)-C 

63.1 

27 

5 

0.9 

2 

2 

Nb-ISi 

99 

1 

Nb-46Ti*1Si 

53 

46 

1 

2 


In  order  to  perform  a  creep  experiment,  a  sample  was  loaded  at  temperature  to  the  first  stress  level  of 
70  MPa  and  held  at  that  level  for  24  hours.  The  creep  rate  was  determined  by  analysis  of  the  creep 
curves.  After  the  24-hour  test,  the  sample  dimensions  were  determined  and  the  load  was  increased. 
This  process  was  continued  until  the  test  was  terminated  or  the  sample  failed. 


RESULTS  AND  DISCUSSION 
Creep  Behavior  at  1100°C 

The  data  for  the  creep  tests  at  1 100°C  are  shown  in  Figure  1.  The  data  are  not  complete  for 
all  compositions,  as  will  be  discussed  below.  The  data  are  well  behaved  for  the  ternary  Nb5Si3 
silicide-3  and  the  Nb3Si-C.  There  is  some  scatter  in  the  Nb5Si3-C  data;  the  highest  creep  rate  that 
was  measured  was  2xl0'8s'1  at  210  MPa,  and  all  other  measurements  were  below  this  value.  At 
creep  rates  clO'V1  there  is  generally  more  scatter  in  the  data  because  these  rates  are  very  close  to 
the  measurement  limit  for  the  creep  system  that  was  employed  (~5xl0~9s-1);  this  limit  was  gov¬ 
erned  by  the  dilatometer  resolution,  mechanical  stability,  and  electrical  noise.  The  silicide-3  and 
silicide-C  have  creep  rates  that  are  close  to  those  of  the  binary  Nb5Si3  at  1200°C,  but  they  are 
slightly  higher.  The  ternary  Nb5Si3  with  Ti  substituted  for  Nb  has  a  lower  creep  rate  than  the 
Nb5Si3-C.  The  Nb3Si-C  has  the  highest  creep  rates.  At  1 100°C  the  creep  rate  of  the  T2  phase 
was  -klO-V1,  but  there  was  little  sensitivity  of  the  creep  rate  to  stress  in  the  range  studied. 


Figure  1  :  Secondary  creep  rates  at  1 100°Cfor  the  monolithic  phases  that  were  investigated. 


Due  to  limited  ductility  of  some  of  the  phases  at  1 100°C,  cracking  occurred  in  some  cases  during 
the  creep  test,  and  this  led  to  some  difficulties/inconsistencies  in  some  creep  strain  measure-ments. 
For  some  of  the  alloys,  such  as  Laves-3  and  Laves-C,  the  creep  rates  were  very  low  (<  5x1  O'9  s"1) 
at  low  stresses  (70  MPa),  and  increasing  the  stress  led  to  cracking  prior  to  creep.  This  behavior 
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was  observed  for  the  Laves-C  at  both  1 100°C  and  1200°C.  Thus,  there  are  no  data  in  Figure  1  for 
the  Laves  phases  and  the  T2-3  phase.  The  microstructures  of  the  creep  samples  were  analyzed 
after  the  creep  test  in  order  to  investigate  the  type  of  cracking  that  occurred. 

Creep  data  for  the  binary  Nb5Si3  at  1200°C,  as  reported  by  Subramanian  et  al.  [4],  indicate 
that  even  at  1200°C  the  creep  rate  of  the  binary  Nb5Si3  is  less  than  that  of  any  of  the  other  phases 
at  1 100°C.  In  order  to  determine  the  stress  sensitivity  of  the  creep  rate,  the  creep  rate  ( e )  and  stress 
(ct)  were  related  using  a  power  law  equation,  e  =  B  an;  where  n  is  the  stress  exponent  and  B  is  a 
constant  at  any  specific  temperature.  The  grain  size  of  all  the  materials  was  large  and  similar  in 
each  case  (~  100pm),  and  in  this  analysis  no  attempt  was  made  to  incorporate  any  grain  size  depen¬ 
dence.  The  constants  obtained  from  these  analyses  are  shown  in  Table  II. 

The  monolithic  (Nb)  alloys  have  exponents  of  ~3  and  in  these  systems  deformation  is  probably 
controlled  by  dislocation  creep.  These  exponents  are  similar  to  those  reported  previously  for  Nb- 
1 .25Si  [7].  At  1 100°C  further  analysis  of  the  exponents  for  the  intermetallics  is  limited  by  the  small 
data  set.  Exponents  for  the  silicide-3  and  Nb3Si-C  were  determined,  but  they  had  values  less  than 
unity.  This  would  suggest  that  there  is  some  creep  threshold,  or  other  complicating  factor,  control¬ 
ling  creep  deformation  in  these  phases. 

Table  11 :  Power  law  constants  for  creep  of  the  monolithic  phases  that  were  investigated. 


Phase 

Stress  Range  (MPa) 

Temperature  (°C) 

Constant 

Exponent 

NbsSi3 

100-280 

1200 

6.16xl0‘" 

1.0 

Nb-lOSi 

70-140 

1200 

6.57xl0'12 

1.9 

Silicide-C 

70-140 

1200 

3.84x10'" 

1.5 

Nb3Si-C 

70-140 

1200 

1.07x1  O' 14 

3.6 

Laves-3 

70-140 

1200 

l.llxl  0‘9 

1 

T2-C 

70-140 

1200 

2. 15x1  O'9 

0.9 

(Nb)~3 

3-80 

1100 

1.9xlO'10 

3.3 

(Nb) 

3-80 

1100 

4.7xl0'14 

2.9 

Creep  Behavior  at  1200°C 

The  data  for  the  creep  tests  at  1200°C  are  shown  in  Figure  2.  The  data  are  well  behaved  for  all 
alloys.  Figure  2  also  shows  data  for  the  binary  monolithic  Nb5Si3  and  the  Nb5Si3-Nb  composite 
prepared  from  the  binary  Nb-lOSi  alloy  [7].  The  binary  Nb5Si3  possessed  the  lowest  creep  rates  and 
the  Nb3Si-C  displayed  the  highest  creep  rates  of  the  tetragonal  phases.  The  hP16  phases  have  creep 
rates  similar  to  the  T2-C  phase  at  stresses  up  to  140  MPa.  However,  on  increasing  the  stress  above 
140MPa  the  creep  rate  of  the  hP16-C  increases  dramatically  to  a  level  of  3x  1 0‘5s' 1  at  2 1  OMPa,  as 
shown  in  Figure  2.  This  behavior  suggests  a  change  in  the  creep  mechanism  with  increasing  stress.  The 
hPl  6  phases  have  the  worst  performance,  and  at  high  stresses  are  beyond  the  scale  of  Figure  2. 

The  silicide-3  and  silicide-C  have  creep  rates  that  are  slightly  higher  than  those  of  the  binary 
Nb5Si3.  The  ternary  Nb5Si3  with  Ti  has  a  lower  creep  rate  than  the  Nb5Si3-C.  The  T2-C  creep 
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curve  was  higher  than  those  of  the  Nb5Si3  type  silicides,  although  it  is  lower  than  that  of  the  Nb3Si- 
C.  The  creep  rate  of  the  T2-3  was  -lxlO'V,  but  there  was  little  sensitivity  of  the  creep  rate  to 
stress.  The  T2-3  also  has  a  lower  creep  rate  than  the  T2-C;  the  addition  of  Ti,  Hf,  Cr  and  A1  led  to 
an  increase  in  the  creep  rate  of  the  T2.  The  Laves-3  possessed  creep  rates  similar  to  those  of  the 
silicide-3. 


Figure  2 :  Secondary  creep  rates  at  1200° C  for  the  monolithic  silicides,  Laves  phases,  hP16and  T2 
phases  that  were  investigated. 

Of  the  phases  studied,  the  Nb3Si-C  has  the  highest  creep  rate.  Unfortunately,  data  for  binary 
Nb3Si  was  not  obtained  because  this  phase  is  generated  by  a  peritectic  reaction  during  solidifica¬ 
tion  of  hypereutectic  alloys  and  it  is  extremely  difficult  to  prepare  in  the  bulk  form  as  a  metastable 
single  phase.  At  1200°C  several  of  the  monolithic  phases,  including  the  Laves  phase  and  the 
Nb3Si  -C,  have  creep  performance  only  equal  to,  or  inferior  to,  that  of  the  Nb5Si3-Nb  composite 
from  the  binary  Nb-lOSi  alloy.  The  Nb3Si-C  has  creep  rates  almost  an  order  of  magnitude  higher 
than  the  Nb-lOSi,  and  the  stress  exponent  is  almost  two  times  higher.  The  hP16-C  creep  rates 
were  also  significantly  higher  than  in  the  Nb-lOSi  composite. 

The  stress  exponents  were  obtained  and  are  shown  in  Table  II.  In  the  case  of  the  Nb5Si3,  the 
stress  exponent  was  almost  one  and  the  mechanism  for  creep  deformation  was  reported  to  be 
Nabarro-Herring  creep,  the  creep  deformation  being  limited  by  Nb  diffusion  [4].  In  the  cast  and 
heat  treated  conditions  the  dislocation  densities  in  the  monolithic  phases  investigated  in  the  present 
study  were  very  low  and  Harper-Dom  creep  probably  did  not  make  a  significant  contribution  to 
creep.  The  potential  creep  mechanisms  are  Nabarro-Herring,  grain  boundary  sliding,  or  power 
law  creep.  Examination  of  the  creep  exponents  in  Table  II  indicates  that  the  creep  deformation  of 
the  monolithic  phases  is  controlled  by  a  range  of  mechanisms.  For  example,  the  T2-C,  Laves-3, 
and  silicide-C  have  exponents  close  to  unity,  as  is  the  case  for  binary  Nb5Si3.  At  present  there  are 
insufficient  data  to  establish  a  stress  exponent  for  the  silicide-3 .  Deformation  of  the  silicide-C  is 
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probably  also  controlled  by  Nabarro-Herring  type  creep,  but  the  diffusing  species  that  control 
deformation  are  still  being  investigated.  The  Nb3Si-C  displays  a  high  stress  sensitivity  with  a  creep 
exponent  of  ~3.6.  This  high  stress  exponent  suggests  that  creep  deformation  is  controlled  by 
dislocation  glide,  as  is  the  case  for  pure  metals,  despite  the  fact  that  the  dislocation  structures  in  this 
intermetallic  are  complicated. 

CONCLUSIONS 

The  (Nb)  solid  solutions  have  creep  rates  at  1 100°C  and  1200°C  that  are  more  than  an  order  of 
magnitude  higher  than  the  intermetallics  investigated.  Of  the  intermetallics  investigated,  the  Nb5Si3  type 
silicides  had  the  lowest  creep  rates.  The  complex  Nb3Si-C  type  silicide  had  the  highest  creep  rate  of 
the  tetragonal  silicides  investigated.  The  hP16  silicide  phases  have  higher  secondary  creep  rates  than 
any  of  the  tetragonal  silicides,  or  the  T2  phases,  at  stresses  greater  than  140  MPa.  At  lower  stresses, 
the  hPl  6  silicide  has  creep  rates  similar  to  those  of  the  T2  phase.  Analysis  of  the  creep  exponents 
suggests  that  deformation  of  the  complex  Nb5Si3type  silicide  is  probably  controlled  by  Nabarro- 
Herring  type  creep,  as  is  the  binary  Nb5Si3  silicide.  In  contrast,  creep  of  the  Nb3Si  silicide  appears 
to  be  controlled  by  a  dislocation  controlled  mechanism. 
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ABSTRACT 

This  paper  will  describe  the  creep  behavior  of  high- temperature  Nb-silicide  in-situ  composites 
based  on  quaternary  Nb-Hf-Ti-Si  alloys.  The  effect  of  volume  fraction  of  silicide  on  creep  behav¬ 
ior,  and  the  effects  of  Hf  and  Ti  additions,  will  be  described.  The  composites  were  tested  in  com¬ 
pression  at  temperatures  up  to  1200°C  and  stress  levels  in  the  range  70  to  280  MPa.  At  high  (Nb) 
phase  volume  fractions  the  creep  behavior  is  controlled  by  deformation  of  the  (Nb)  and,  as  the 
volume  fraction  of  silicide  is  increased,  the  creep  rate  is  reduced.  However,  at  large  silicide  volume 
fractions  (>0.7)  damage  in  the  silicide  begins  to  degrade  the  creep  performance.  The  creep  rate  has 
a  minimum  at  a  volume  fraction  of  ~0.6  silicide.  The  creep  performance  of  the  monolithic  and 
silicide  phases  will  also  be  discussed. 

INTRODUCTION 

Nb-silicide  based  in-situ  composites  are  potential  candidates  for  use  in  high  temperature  structural 
applications.  These  composites  consist  of  a  Nb-based  solid  solution,  denoted  (Nb),  strengthened  by 
Nb3Si  and/or  Nb5Si3  based  silicides.  Previous  work  has  shown  that  these  materials  exhibit  a  good 
combination  of  room  temperature  fracture  toughness  and  high  temperature  strength  [  1  -3] .  However,  the 
high-temperature  creep  performance  has  been  found  to  be  highly  dependent  on  the  alloy  composition 
and  constituent  phases.  Two  of  the  most  common  alloying  additions  are  Ti  and  Hf,  and  these  elements 
can  adversely  increase  the  creep  rate  to  >10'7  s' 'at  stress  levels  greater  than  100  MPa,  if  they  are 
present  in  concentrations  greater  than  -30  and  8  percent,  respectively  [4].  The  composite  creep  rate 
may  also  be  increased  because  increasing  Ti  and  Hf  stabilizes  a  hexagonal  silicide  [5] .  In  contrast, 

Nb3Si  and  tetragonal  Nb5Si3  are  beneficial  to  creep  behavior  provided  their  volume  fraction  and 
distribution  within  the  composite  are  controlled. 

The  aim  of  the  present  paper  is  to  describe  the  effect  of  volume  fraction  of  silicide  on  the  creep  rate 
of  Nb-silicide  based  in-situ  composites.  Alloys  were  prepared  with  Si  concentrations  from  12  to  22 
atomic  percent  (all  compositions  are  given  in  atom  percent  in  the  present  paper).  These  alloys  provided 
a  broad  range  of  silicide  volume  fractions.  The  Ti  and  Hf  concentrations  were  held  constant  at  25  and  8 
atomic  percent,  respectively. 


EXPERIMENTAL 

All  samples  were  prepared  using  Czochralski  cold  crucible  growth  [3].  Composites  were 
directionally  solidified  from  quaternary  alloys  with  compositions  of  Nb-8Hf-25Ti-XSi,  where  X  was 
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adjusted  from  12  to  22%.  The  directional  solidification  procedure  has  been  described  in  more  detail 
previously  [3],  Monolithic  Nb  alloys  were  also  prepared  with  compositions  of  Nb-lSi,  Nb-46Ti-lSi, 
and  Nb-27Ti-5Hf-2Al-2Cr-0.9Si  (denoted  as  Nb-C  in  the  present  paper),  in  order  to  determine  the 
creep  performance  of  the  Nb  solid  solution  in  the  in-situ  composites  at  elevated  temperatures. 

All  the  creep  data  reported  in  the  present  paper  were  obtained  in  compression.  Compression  creep 
tests  were  performed  at  a  temperature  of  1200°C,  and  at  stress  levels  in  the  range  70-280  MPa.  The 
cylindrical  specimens  that  were  used  were  7.6  mm  in  diameter  and  15  mm  long,  and  they  were 
machined  from  DS  samples  such  that  the  loading  axis  of  the  creep  sample  was  parallel  to  the  growth 
direction.  In  order  to  perform  the  creep  test,  the  sample  was  first  heated  to  the  test  temperature.  A  load 
was  then  applied  to  the  sample,  and  it  was  maintained  at  a  constant  value  for  24  hours.  During  this  24 
hour  period  the  strain  was  monitored  and  the  creep  rate  was  obtained  through  analysis  of  these  data.  A 
vacuum  of  approximately  5  x  10'5  Torr  was  maintained  throughout  the  test.  The  sample  was  measured 
after  each  test  and  then  used  for  the  tests  at  higher  stresses. 

Detailed  metallographic  information  was  obtained  using  both  optical  microscopy  and  scanning 
electron  microscopy  before  and  after  the  creep  test.  Electron  back  scatter  diffraction  pattern  analysis 
(EBSD)  and  orientation  imaging  in  the  scanning  electron  microscope  were  used  to  identify  the  phases 
and  their  crystallographic  orientations. 


RESULTS  AND  DISCUSSION 

The  typical  microstructure  of  the  composites  with  Si  concentrations  of  20%  and  less  is  shown  in 
Figure  1.  The  microstructure  consisted  of  large-scale  (Nb)3Si  tP32  phase  (the  grey  phase)  with  large- 
scale  (Nb)  dendrites  (the  light  phase).  Both  the  Nb3Si  and  the  (Nb)  possess  substantial  amounts  of  Hf 
and  Ti  in  solid  solution  [5, 6].  There  was  some  segregation  in  the  (Nb)  which  led  to  varying  BSE 
contrast  at  the  interface  between  the  (Nb)  and  the  (Nb)3Si.  EPMA  and  EBSD  data  indicated  that  this 
was  a  result  of  Ti  segregation  and  Hf/Nb  depletion  in  these  regions. 

A  typical  microstructure  of  the  composites  with  Si  concentrations  greater  than  20%  is  shown  in 
Figure  2.  In  addition  to  the  faceted  (Nb)3Si  and  (Nb)  phases  observed  in  the  composites  from  lower  Si 
concentrations,  the  Nb5Si3  tI32  phase  was  also  observed  as  the  primary  solidification  phase.  The 
(Nb)5Si3  was  the  large-scale,  dark,  faceted  phase  in  the  micrograph  of  Figure  2. 

Figure  3  shows  the  creep  rate  at  1200°C  as  a  function  of  Si  concentration  for  the  Nb-25Ti-8Hf- 
XSi  composites,  where  X  was  varied  from  12  to  22  atomic  percent.  Data  are  shown  for  stresses  of  70 
to  280  MPa.  As  the  Si  concentration  was  increased  from  12%  to  18%,  the  volume  fraction  of  (Nb)  Si 
increased  from  0.25  to  0.62.  There  is  a  broad  range  of  compositions  for  which  the  creep  rate  is  less 
than  3xlO'8s"’. 
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Figure  1.  Typical  microstructure  (BSE  image )  of  the  transverse  section  of  a  DS  composite  gener¬ 
ated from  a  quaternary  Nb-25Ti-8Hf-16Si  alloy.  The  (Nb)  is  the  light  phase  and  the  (Nb)3Si 
is  the  grey  faceted  phase. 


Figure  2.  Typical  microstructure  ( BSE  image)  of  the  transverse  section  of  a  DS  composite  gener¬ 
ated from  a  quaternary  Nb-25Ti-8Hf-22Si  alloy.  The  (Nb )  is  the  light  phase,  the  (Nb  )3Si  is 
the  grey  faceted  phase,  and  the  (Nb)5Si3  the  dark  phase. 
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Figure  3.  The  effect  of  Si  concentration  and  volume  fraction  of  ( Nb )  and  silicide  on  the  secondary 
creep  rate  at  1200  °C  for  stresses  of  140-280  MPa. 


These  data  reveal  several  important  points.  First,  for  a  constant  Si  concentration,  the  creep  rate 
increased  with  increasing  applied  stress.  Second,  the  creep  rate  possessed  a  minimum  value  at 
approximately  18  %Si.  At  higher  Si  concentrations  the  creep  rate  increased  again.  Microstructural 
analysis  of  the  samples  after  the  creep  test  indicated  that  at  low  Si  concentrations,  deformation  was 
controlled  by  creep  of  the  (Nb)  and  at  high  Si  concentrations,  composite  deformation  was  controlled  by 
cracking  of  the  silicide. 

In  order  to  interpret  these  results  further,  the  creep  behavior  of  the  (Nb)  was  investigated.  Figure  4 
shows  the  creep  rate  of  the  Nb-lSi,  Nb-46Ti-lSi,  and  Nb-C  at  1 100°C  and  1200°C  as  a  function  of 
stress.  The  compositions  of  these  alloys  cover  the  compositions  of  the  Nb-based  solid  solutions  in  the 
composites  that  have  been  generated  previously  from  ternary,  quaternary,  and  higher-order  alloys.  The 
results  at  1 200°C  show  that  the  creep  rate  of  the  (Nb)  is  greater  than  10'7  s'1  even  at  stresses  as  low  as 
70  MPa.  The  creep  rates  of  the  Nb-C,  Nb-lSi  and  Nb-46Ti-lSi  are  similar  to  those  of  the  composites 
from  the  low  Si  (less  than  14%)  quaternary  alloys  shown  in  Figure  3.  These  results  also  show  that  the 
creep  rate  of  the  Nb-Si  solid  solution  is  very  sensitive  to  additions  of  Ti.  In  order  to  determine  the 
stress  sensitivity  of  the  creep  rate,  the  creep  rate  ( g ) and  stress  (ct)  for  the  three  alloys  at  1 1 00°C  and 
1200°C  were  fitted  to  a  power  law  creep  expression,  g  =  B  an;  where  n  is  the  stress  exponent  and  B 
is  a  constant  at  any  specific  temperature. 
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Figure  4.  Secondary  creep  rates  as  a  function  of  stress  at  1100°C  and  1200°  C for  binary  Nb-Si, 
ternary  Nb-Ti-Si,  and  complex  Nb-based  monolithic  solid  solutions.  The  effect  of 
alloying  additions  on  creep  rate  is  shown. 
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The  second  set  of  creep  data  that  must  be  considered  are  those  for  the  Nb5Si3  silicide  [7] .  The 
Nb5Si3  creep  rates  are  much  lower  than  those  for  the  Nb-based  solid  solutions  and  are  similar  to  those 
for  the  high-Si  quaternary  alloys.  In  order  to  develop  a  better  understanding  of  the  response  of  the 
composite  to  increasing  silicide  volume  fraction  and  increasing  stress,  the  constitutive  behavior  of  the 
composite  was  simulated  using  the  expressions  provided  by  Henshall  et  al.  [8, 9],  where  aA  is  the 
applied  stress,  n  is  the  stress  exponent  for  the  silicide  (1.0),  and  m  is  the  stress  exponent  for  the  Nb 
(2.9).  V$and  Vw  are  the  volume  fractions  of  the  silicide  and  Nb,  respectively.  As  and  Aw  are  the 
pre-exponents  in  the  power  law  creep  expressions  for  the  silicide  and  Nb,  respectively. 
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The  creep  data  for  the  Nb-lSi  solid  solution  were  used  together  with  those  for  the  binary 
monolithic  Nb5Si3  [8] .  This  equation  can  predict  the  increase  in  the  creep  rate  with  increasing  stress  for 
a  given  Si  concentration,  as  will  be  published  subsequently  [10] .  However,  this  equation  does  not 
predict  as  strong  a  dependence  on  the  silicide  volume  fraction  as  was  observed  experimentally.  This 
difference  may  arise  because  the  power  law  creep  parameters  used  were  those  for  Nb- 1  Si,  rather  than 
those  for  the  actual  quaternary  (Nb)  alloys  of  the  composites  tested.  In  addition,  the  damage 
accumulation  that  occurs  at  Si  concentrations  greater  than  1 8%  is  at  present  not  modeled.  Thus,  the 
results  from  the  monolithic  silicide  and  the  (Nb)  studies  suggest  that  at  low  Si  concentrations  the  creep 
rate  is  dominated  by  the  (Nb),  but  that  as  the  Si  concentration  is  increased,  and  the  silicide  volume 
fraction  is  increased,  the  creep  rate  decreases. 
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CONCLUSIONS 


The  creep  rates  of  the  composites  from  the  quaternary  Nb-Hf-Ti-Si  alloys  decreased  with 
increasing  Si  concentration  from  12  to  18%.  At  higher  Si  concentrations,  the  creep  rate  increased  as  a 
result  of  crack  linking  and  damage  accumulation  in  the  silicides.  The  composite  creep  rate  increased 
with  increasing  stress,  and  at  each  stress  level  there  was  a  minimum  in  the  creep  rate  at  ~18Si.  The  Nb 
solid  solutions  have  creep  rates  at  1 100°C  and  1200°C  that  can  be  more  than  an  order  of  magnitude 
higher  than  those  of  the  composites. 

Modeling  results  and  experimental  data  from  the  monolithic  silicides  and  Nb  solid  solutions  indicate 
that  at  low  Si  concentrations  the  creep  deformation  is  dominated  by  the  (Nb),  but  as  the  Si 
concentration  is  increased,  and  the  silicide  volume  fraction  is  increased,  the  composite  creep 
performance  is  controlled  by  the  silicide.  However,  the  model  underestimates  the  effect  of  increasing 
volume  fraction  of  the  silicide  on  the  creep  rate.  The  model  is  currently  being  extended  to  improve  the 
predictive  capability. 
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Abstract 

Phase  equilibria  of  Nb-Hf-Si  at  1500  °C  have  been  investigated  for  the  metal-rich  end  of 
the  ternary  phase  diagram  using  scanning  electron  microscopy,  electron  probe 
microanalysis,  and  electron  backscatter  diffraction  analysis.  An  isothermal  section  at 
1500  °C  was  constructed  for  this  ternary  system  based  on  experimental  data  from  11 
alloys  heat  treated  at  1500  °C  for  100  hrs.  Phase  equilibria  between  the  following 
silicides,  Nb(Hf)5Si3)  Hf(Nb)5Si3,  Nb(Hf)3Si,  Hf(Nb)2Si,  Hf(Nb)3Si2,  Hf(Nb)5Si4, 
Hf(Nb)Si,  Nb(Hf)Si2,  and  two  metal-rich  solid  solutions,  (3(Nb,Hf,Si)  and  a(Hf,Nb,Si) 
are  described. 
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1.  Introduction 


Niobium  silicide  based  in-situ  composites  are  potential  candidates  for  turbine  airfoil 
materials  in  advanced  aircraft  engines  [1-4].  Phase  stability  in  these  composites  is 
required  to  define  the  optimum  compositions  and  microstructures  for  property 
improvements  and  high  temperature  stability.  This  work  defines  phase  equilibria  in  the 
binary  and  ternary  systems  [5-9]  that  are  required  to  understand  phase  stability  in  the 
multicomponent  composites.  Hf  has  been  added  to  improve  oxidation  resistance  and 
strength  [2,  10].  However,  there  is  presently  incomplete  knowledge  of  the  Hf-Si  binary 
system  and  there  is  little  existing  information  on  the  Nb-Hf-Si  ternary  system.  In  this 
regard,  previous  work  has  been  conducted  to  investigate  the  stability  of  the  Hf-Si  binary 
system  [8,9]  and  the  liquid-solid  phase  equilibria  of  the  Nb-Hf-Si  system  using 
directionally  solidified  alloys  [7].  This  paper  reports  the  isothermal  section  of  the  Nb-Hf- 
Si  system  at  1500  °C.  This  is  required  to  define  phase  stability  of  the  composites  during 
service.  This  temperature  was  selected  because  it  is  below  the  eutectoid  decomposition 
temperature  of  NbjSi,  but  high  enough  for  fast  decomposition  kinetics.  The  phase 
equilibria  at  1500  °C  are  likely  to  be  very  similar  to  those  at  the  potential  service 
temperature,  1200  to  1400  °C. 

A  schematic  three-dimensional  (3-D)  projection  of  the  metal-rich  region  of  the  Nb-Hf-Si 
phase  diagram  (all  compositions  are  in  at.%  throughout  this  paper)  is  shown  in  Fig.  1. 
The  binary  Nb-Hf  system  is  based  on  an  assessment  by  Femandez-Guillermet  [11];  the 
Nb-Si  system  is  based  on  the  assessments  of  Schlesinger,  et  al.  [12]  and  Liang  and  Chang 
[13];  and  the  Hf-Si  binary  is  based  on  a  recent  assessment  [9].  Experimental  results 
supporting  the  Nb-Hf-Si  ternary  phase  diagram  will  be  presented  in  the  present  article. 

A  total  of  10  phases  are  discussed  in  this  paper.  Their  crystal  structures  are  listed  in 
Table  2  [14,  15].  The  Nb3Si  with  Hf  in  solid  solution  is  referred  to  as  Nb(Hf)3Si;  the 
Nb5Si3  with  Hf  in  solid  solution,  Nb(Hf)5Si3;  the  NbSH  with  Hf  in  solid  solution, 
Nb(Hf)Si2;  the  HfSi  with  Nb  in  solid  solution,  Hf(Nb)Si;  the  Hf5Si4  with  Nb  in  solid 
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solution,  Hf(Nb)5Si4;  the  Hf3Si2  with  Nb  in  solid  solution,  Hf(Nb)3Si2;  the  Hf5Si3  with 
Nb  in  solid  solution,  Hf(Nb)5Si3;  the  Hf2Si  with  Nb  in  solid  solution,  Hf(Nb)2Si.  None 
of  these  silicides  are  isomorphous.  In  addition,  there  were  two  Nb-Hf  solid  solutions 
containing  small  amounts  of  Si  for  which  the  hep  phase  is  given  the  prefix  a  and  the  bcc 
phase  is  given  the  prefix  (3. 

The  aim  of  the  present  paper  is  to  describe  the  1500  °C  isothermal  section  of  the  metal- 
rich  end  of  the  Nb-Hf-Si  phase  diagram. 

2.  Experimental  procedures 

The  samples  were  prepared  using  either  cold  crucible  directional  solidification  (DS)  [2, 
16]  after  triple  melting  the  starting  charges  from  high  purity  elements  (>  99.99%),  or 
induction  skull  melting  (ISM).  The  DS  procedure  has  been  described  in  more  detail 
previously  [16].  The  as-cast  microstructures  of  the  corresponding  alloys  have  been 
described  in  detail  elsewhere  [7].  The  sum  of  the  concentrations  of  the  interstitials  (O,  N, 
and  C)  of  the  starting  elements  was  less  than  80  wt.  ppm.  Table  1  shows  the  range  of 
nominal  compositions  that  was  investigated.  Samples  for  heat  treatment  were  wrapped  in 
Nb  foil  and  heat  treated  at  1500  °C  for  100  hours  in  a  vacuum  (<10‘5  Torr)  furnace.  All 
of  the  samples  were  examined  using  scanning  electron  microscopy  (SEM)  backscatter 
electron  (BSE)  imaging  and  energy  dispersive  spectrometry  (EDS). 

Phase  compositions  were  measured  on  selected  samples  using  electron  probe 
microanalysis  (EPMA)  which  was  performed  on  a  JEOL  733  microprobe  operating  at  15 
kV,  20  nA,  and  ~1  pm  beam  diameter.  Pure  Nb,  pure  Hf  and  stoichiometric  HfaSi  were 
used  as  standards  for  Nb,  Hf  and  Si,  respectively.  There  is  indigenous  Zr  in  essentially  all 
commercially  available  Hf.  The  Zr  content  in  the  cast  alloys  was  estimated  at  <  2  at.%. 
Zr  analysis  was  performed  along  with  the  other  three  elements  and  the  Zr  concentration  in 
all  the  phases  was  less  than  ~  3  at.%.  In  consideration  of  the  similarity  of  Zr  and  Hf  - 
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which  can  be  appreciated  by  the  similarity  of  the  Hf-Si  and  Zr-Si  phase  diagrams  [9,  17], 
Zr  concentration  was  added  to  Hf  concentration  for  each  EPMA  measurement. 

Phase  identification  of  selected  compositions  was  also  performed  using  the  electron 
backscatter  diffraction  (EBSD)  technique  in  SEM  [18,19].  This  technique  allows  easy 
selection  of  microstructural  features  using  BSE  imaging  for  rapid  diffraction  pattern 
collection  and  analysis.  A  CamScan  CS44  SEM  (Cam  Scan  Electron  Optics,  Ltd., 
Cambridge,  England)  was  operated  using  a  40  kV,  ~10  nA  electron  beam.  Positive  phase 
identification  was  accomplished  by  direct  comparison  of  the  location  and  character  of  the 
diffraction  bands  in  the  experimental  pattern  with  those  calculated  from  simulated 
patterns  generated  using  the  possible  structure  types  and  lattice  parameters. 

3.  Results  and  discussion 

The  microstructure,  phase  composition  and  crystal  structure  data  obtained  from  selected 
samples  are  summarized  in  the  isothermal  section  shown  in  Fig.  2,  and  in  Table  1.  These 
will  be  described  in  more  detail  below: 

Nb-10Hf-16Si: 

The  equilibrium  microstructure  was  three-phase  p(Nb,Hf,Si)  +  Nb(Hf)5Si3  +  Hf(Nb)2Si. 
Typical  BSE  micrographs  are  shown  in  Fig.  3.  The  bright  phase  was  Hf(Nb)5Si3,  the  light 
gray  phase  was  Hf(Nb)2Si,  the  darker  gray  phase  was  Nb(Hf)5Si3,  and  the  darkest  phase 
was  P(Nb,Hf,Si).  The  crystal  structures  of  these  phases  were  confirmed  using  EBSD. 
Most  of  the  eutectic  Nb(Hf)3Si  phase  in  the  as-DS  alloy  (the  as-DS  microstructure 
consisted  of  p(Nb,Hf,Si)  dendrites  with  interdendritic  cells  of  Nb(Hf)3Si  and 
P(Nb,Hf,Si),  see,  Ref.  7)  underwent  the  eutectoid  decomposition  to  p(Nb,Hf,Si)  and 
Nb(Hf)5Si3  during  the  1500  °C  annealing.  In  addition,  because  of  the  inhomogeneous 
nature  of  the  as-DS  alloys,  there  were  Hf(Nb)2Si  and  Hf(Nb)5Si3  phases  formed  in  Hf- 
rich  interdendritic  regions.  Thus,  four  phases  were  observed  in  the  1500°C  sample,  and 
this  made  it  possible  to  define  two  three-phase  regions:  P(Nb,Hf,Si)  +  Nb(Hf)5Si3  + 
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Hf(Nb)2Si  and  Nb(Hf)5Si3  +  Hf(Nb)2Si  +  Hf(Nb)5Si3.  The  solubility  of  Hf  in  the 
Nb(Hf)5Si3  phase  is  -16%.  The  solubility  of  Nb  in  Hf(Nb)3Si3  and  Hf(Nb)2Si  are  -36% 
and  -47%,  respectively.  After  100  hrs,  the  alloy  had  still  not  reached  full  equilibrium.  On 
prolonged  annealing,  the  Hf(Nb)sSi3  phase  would  be  expected  to  transform  to  Hf(Nb)2Si 
(and/or  Nb(Hf)5Si3)  as  more  Nb  diffused  into  the  region  (and  Hf  and  Si  diffused  out).  In 
addition,  there  were  regions  where  the  Nb(Hf)3Si  was  still  experiencing  the  eutectoid 
decomposition  process,  as  shown  in  Fig.  3(b). 

Nb-10Hf-18.5Si: 

The  annealed  microstructure  was  similar  to  that  of  Nb-10Hf-16Si.  Again  the  Nb(Hf)3Si 
phase  underwent  partial  eutectoid  decomposition  into  (3(Nb,Hf,Si)  and  Nb(Hf)sSi3  and 
the  decomposition  process  was  not  fully  complete. 

Nb-10Hf-25Si: 

The  equilibrium  structure  was  two-phase  |3(Nb,Hf,Si)  +  Nb(Hf)sSi3.  The  Nb(Hf)3Si 
phase  in  the  as-DS  alloy  underwent  partial  eutectoid  decomposition  to  P(Nb,Hf,Si)  and 
Nb(Hf)sSi3  after  the  1500  °C  heat  treatment  as  shown  in  Fig.  4.  The  eutectic  regions  in 
as-DS  condition  were  richer  in  Hf  and  there  was  some  Hf(Nb)5Si3  formed  after  the 
1500°C  treatment.  Again  the  alloy  had  not  fully  equilibrated  after  100  hrs.  Some  regions 
were  still  in  the  decomposition  process,  as  shown  in  Fig.  4(b).  EPMA  from  regions  where 
decomposition  appeared  complete  yielded  an  average  composition  of  95.3Nb-4.2Hf-0.5Si 
for  the  metal  (bcc)  phase,  55.2Nb-10.5Hf-34.3Si  for  the  Nb(Hf)sSi3,  and  36.7Nb-26.1Hf- 
37.2Si  for  Hf(Nb)5Si3. 

Nb-30Hf-25Si: 

The  microstructure  consisted  predominately  of  two-phases,  P(Nb,Hf,Si)  +  Hf(Nb)2Si,  as 
shown  in  Fig.  5  and  the  equilibrium  microstructure  was  these  two  phases.  The  primary 
Hf(Nb)sSi3  in  as-DS  alloy  had  transformed  into  the  equilibrium  Hf(Nb)2Si  phase  on 
annealing.  The  |3(Nb,Hf,Si)  and  Hf(Nb)2Si  had  compositions  of  81Nb-18.5Hf-0.5Si  and 
33.5Nb-32.8Hf-31.7Si  respectively.  In  some  areas  the  Hf(Nb)2Si  phase  possessed  a 
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higher  Hf  concentration  (24.4Nb-42.5Hf-33.1Si);  this  was  probably  the  result  of 
compositional  inhomogeneity  (dendrites  vs  eutectic  regions)  in  the  as-DS  structures. 
There  was  also  some  a(Nb,Hf,Si),  which  was  probably  also  the  result  of  inhomogeneity. 

Nb-40Hf-30Si: 

The  equilibrium  microstructure  also  consisted  of  two  phases,  £(Nb,Hf,Si)  +  Hf(Nb)2Si, 
but  the  volume  fraction  of  the  Hf(Nb)2Si  phase  was  much  higher,  as  shown  in  Fig.  6.  The 
primary  Hf(Nb)5Si3  in  as-DS  alloy  had  transformed  into  the  equilibrium  Hf(Nb)2Si  phase 
after  annealing.  The  compositions  of  (3(Nb,Hf,Si)  and  Hf(Nb)2Si  were  68.4Nb-30.7Hf- 
0.9Si  and  23.2Nb-44.1Hf-32.7Si  respectively.  The  Hf  concentrations  of  both  phases  are 
higher  than  those  of  the  Nb-30Hf-25Si  alloy;  this  is  consistent  with  the  phase  diagram 
shown  in  Fig.  2.  Some  areas  had  Hf(Nb)2Si  with  a  higher  Hf  concentration  (18.8Nb- 
48Hf-33.2Si),  again  this  was  probably  the  result  of  compositional  inhomogeneity 
(dendrites  vs  eutectic  regions)  in  the  as-DS  structures. 

Nb-60Hf-25Si: 

The  microstructure  also  consisted  predominately  of  two  phases,  (3(Nb,Hf,Si)  +  Hf(Nb)2Si, 
as  shown  in  Fig.  7,  and  these  were  the  equilibrium  phases.  The  primary  Hf(Nb)5Si3  in  the 
as-DS  alloy  had  transformed  into  the  equilibrium  Hf(Nb)2Si  phase  after  annealing.  The 
compositions  of  p(Nb,Hf,Si)  and  Hf(Nb)2Si  were  34.0Nb-63.9Hf-2.1Si  and  9.0Nb- 
58.OHf-33.OSi  respectively.  There  were  also  some  small  Hf-rich  particles  (Fig.  7(b))  that 
were  too  small  to  be  identified  using  SEM,  EBSD,  or  EMPA.  These  particles  were  either 
remnant  of  some  Hf-rich  regions  during  decomposition  or  precipitates  that  formed  during 
cooling.  There  were  also  some  larger  scale  (-20  (ims)  Hf-rich  a(Hf,Nb,Si)  particles  with 
average  compositions  varying  from  4.6Nb-92.2Hf-3.2Si  to  10.9Nb-86.3Hf-2.8Si  (Fig. 
7(a)).  These  phases  were  non-equilibrium  and  they  would  have  been  homogenized  out  at 
longer  annealing  times. 
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Nb-73Hf-17Si: 

Two  different  interpretations  of  the  microstructure  (Fig.8)  are  possible.  The  first  scenario 
is  that  the  equilibrium  microstructure  was  two-phase  P(Nb,Hf,Si)  +  Hf(Nb)2Si.  The 
white,  lath/plate-like  precipitates  were  transformed  a(Hf,Nb,Si)  formed  from  the  high 
temperature  (3(Nb,Hf,Si)  phase  on  cooling  from  1500  °C,  which  can  be  appreciated  by 
looking  at  the  Nb-Hf  binary  phase  diagram  [11]  (see  Fig.  1).  There  were  also  some 
a(Hf,Nb,Si)  phase  precipitates  formed  at  1500  °C  in  Hf-rich  regions,  but  these  had  some 
precipitates  in  them,  probably  Hf(Nb)2Si.  The  average  composition  for  the  Hf(Nb)2Si 
phase  was  3.8Nb-62.6Hf-33.7Si.  It  was  difficult  to  measure  the  (3(Nb,Hf,Si)  phase 
composition  at  1500  °C  because  of  the  (3  — »  a  transformation.  The  transformed  P  and  a 
compositions  were  23.4Nb-74.1Hf-2.5Si  and  3.3Nb-93.7Hf-3.0Si  respectively.  The 
original  P(Nb,Hf,Si)  phase  composition  was  probably  close  to  the  average  of  the  two, 
based  on  a  near  50:50  mixture  in  Fig.  8.  The  tie-line  was  not  drawn  due  to  uncertainty  in 
the  P-phase  composition. 

The  second  interpretation  is  that  the  equilibrium  microstructure  was  three-phase: 
a(Hf,Nb,Si)  +  p(Nb,Hf,Si)  +  Hf(Nb)2Si  in  which  the  a(Nb,Hf,Si)  and  p(Nb,Hf,Si)  phase 
had  a  composition  of  3.3Nb-93.7Hf-3.0Si  and  23.4Nb-74.1Hf-2.5Si,  respectively.  The 
P(Nb,Hf,Si)  phase  composition,  however,  seems  inconsistent  with  that  projected  from  the 
Nb-Hf  binary  phase  diagram. 

Nb-80Hf-5Si: 

The  equilibrium  microstructure  could  be  two-phase  P(Nb,Hf,Si)  +  Hf(Nb)2Si,  or  three- 
phase  a(Hf,Nb,Si)  +  P(Nb,Hf,Si)  +  Hf(Nb)2Si.  The  amount  of  Hf(Nb)2Si  was  very  small. 
The  P(Nb,Hf,Si)  phase  transformed  to  P(Nb,Hf,Si)  and  a(Hf,Nb,Si)  on  cooling  from 
1500  °C,  Fig.  9.  There  were  also  precipitates,  probably  P(Nb,Hf,Si),  formed  during 
cooling  in  the  original  a(Hf,Nb,Si)  phase,  Fig.  9(b).  No  EPMA  was  performed  on  this 
sample.  This  alloy  was  probably  in  a  two-phase  region. 
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Nb-90Hf-5Si: 

The  equilibrium  microstructure  probably  consisted  of  three-phase  (3(Nb,Hf,Si)  + 
a(Nb,Hf,Si)  +  Hf(Nb)2Si,  Fig.  10.  The  light  gray  phase  was  a(Hf,Nb,Si)  with  an  average 
composition  of  3.1Nb-93.1Hf-3.8Si.  The  dark  gray  phase  had  an  average  composition  of 
21.7Nb-75.6Hf-2.7Si  and  was  P(Nb,Hf,Si).  The  original  P(Nb,Hf,Si)  phase  further 
transformed  to  P(Nb,Hf,Si)  and  a(Hf,Nb,Si)  on  cooling  from  1500  °C  and  appeared  as  a 
two-phase  structure  in  Fig.  10.  The  average  composition  of  the  two-phase  region 
obtained  via  area-average  scanning  mode  in  EMPA  was  1 1.3Nb-85.0Hf-3.7Si  which 
probably  represents  the  original  P(Nb,Hf,Si)  phase  composition  at  1500  °C.  The  dark 
phase  in  Fig.  10  was  Hf(Nb)2Si  with  a  composition  of  2.0Nb-64.4Hf-33.6Si. 

Nb-50Hf-37.5Si: 

The  ISM  ingot  was  very  inhomogeneous.  After  the  1500  °C  anneal,  part  of  the  sample 
displayed  a  well-defined  three-phase  structure,  as  shown  in  Fig.  1 1(a).  The  three  phases 
were  identified  as  Hf(Nb)Si,  Hf(Nb)5Si4,  and  Nb(Hf)Sb  with  compositions  of  4.7Nb- 
45.9Hf-49.4Si,  21.6Nb-34.4Hf-44.0Si,  and  26.2Nb-9.4Hf-64.4Si,  respectively.  In  other 
areas,  two-phase  regions  were  observed.  They  were  P(Nb,Hf,Si)  (68.0Nb-30.9Hf-l.lSi) 
and  Hf(Nb)2Si  (20.2Nb-46.4Hf-33.4Si),  as  shown  in  Fig.  11(b).  The  crystal  structures  of 
all  these  phases  were  confirmed  using  EBSD.  The  dramatic  difference  in  microstructure 
of  the  two  areas  arose  becasue  the  ISM  ingot  was  difficult  to  homogenize. 

Nb-55Hf-37. 5  Si: 

The  equilibrium  state  of  this  alloy  was  probably  single-phase  Hf(Nb)sSi3.  The 
microstructure  after  the  1500  °C-100  hr  anneal  consisted  mostly  of  Hf(Nb)sSi3  with  a 
composition  of  6.9Nb-55.3Hf-37.8Si,  as  shown  in  Fig.  12.  Due  to  the  inhomogeneity  of 
the  original  cast  structure,  there  were  also  small  amounts  of  Hf(Nb)3Si2  (6.5Nb-53.8Hf- 
39.7Si),  Hf(Nb)2Si  (7.9Nb-58.6Hf-33.6Si)  and  p(Nb,Hf,Si)  (38.7Nb-59.lHf-2.2Si), 
respectively.  The  atomic  number  contrast  was  very  low  between  the  three  silicides  in  this 
alloy,  which  made  the  contrast  difference  in  the  BSE  image  (Fig.  12)  very  low.  The 
phases  were  therefore  identified  using  EBSD. 
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4.  Conclusions 


The  microstructures  generated  in  the  ternary  Nb-Hf-Si  alloys  investigated  contained  a 
total  of  10  phases:  p(Nb,Hf,Si),  a(Hf,Nb,Si),  Nb(Hf)5Si3,  Hf(Nb)5Si3,  Nb(Hf)3Si, 
Hf(Nb)2Si,  Hf(Nb)3Si2,  Hf(Nb)5Si4,  Hf(Nb)Si,  and  Nb(Hf)Si2.  The  isothermal  section  of 
the  Nb-Hf-Si  system  at  1500  °C  has  been  defined. 

The  Nb  solubility  is  -46%  in  Hf(Nb)2Si,  -36%  in  Hf(Nb)5Si3,  >6.5%  in  Hf(Nb)3Si2, 
>22%  in  Hf(Nb)5Si4,  and,  5%  in  Hf(Nb)Si.  The  Hf  solubilities  in  Nb(Hf)5Si3  and 
Nb(Hf)Si2  are  -16%  and  9.4%,  respectively.  Four  three-phase  regions,  (3(Nb,Hf,Si)  + 
Nb(Hf)5Si3  +  Hf(Nb)2Si,  Nb(Hf)5Si3  +  Hf(Nb)2Si  +  Hf(Nb)5Si3,  p(Nb,Hf,Si)  + 
a(Hf,Nb,Si)  +  Hf(Nb)2Si,  and  Nb(Hf)Si2  +  Hf(Nb)5Si3  +  Hf(Nb)Si  have  been  defined. 
The  Nb(Hf)3Si  phase  was  unstable  at  1500  °C  and  decomposed  by  an  eutectoid 
transformation  to  p(Nb,Hf,Si)  and  Nb(Hf)5Si3. 
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FIGURE  CAPTIONS 


Fig.  1.  Schematic  3-D  projection  phase  diagram  of  the  metal-rich  end  of  the  Nb-Hf-Si 
ternary  system. 

Fig.  2.  Isothermal  section  of  the  estimated  equilibrium  Nb-Hf-Si  phase  diagram  at  1500 
°C.  The  bulk  alloy  compositions  are  shown  as  solid  squares.  EPMA  measurements  of 
phase  compositions  are  shown  as  open  circles.  The  tie-triangles  constructed  in  dashed 
lines  were  estimated. 

Fig.  3.  SEM  BSE  images  of  the  Nb-10Hf-16Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours.  The  bright  phase  is  HffNbjsSb,  the  light  gray  phase  is  Hf(Nb)2Si,  the  dark 
gray  phase  is  Nb(Hf>5Si3,  and  the  dark  phase  is  (3(Nb,Hf,Si).  The  area  shown  in  a  circle  in 
(b)  is  non-equilibrium  and  is  Nb(Hf)3Si  that  was  decomposing  to  Nb(Hf)5Si3  and 
P(Nb,Hf,Si). 

Fig.  4.  SEM  BSE  images  of  the  Nb-10Hf-25Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours:  (a)  low  magnification  image  and  (b)  high  magnification  image.  The  white 
phase  is  Hf(Nb)sSi3  that  resulted  from  segregation  in  the  original  as-DS  structure. 

Fig.  5.  SEM  BSE  image  of  the  Nb-30Hf-25Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours.  The  white  phase  is  a(Hf,Nb,Si)  which  was  probably  the  result  of 
inhomogeneity  in  the  as-DS  sample.  The  gray  and  dark  phases  are  Hf(Nb>2Si  and 
P(Hf,Nb,Si)  respectively. 

Fig.  6.  SEM  BSE  image  of  the  Nb-40Hf-30Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours.  The  gray  and  dark  phases  are  HfINbjiSi  and  (3(Hf,Nb,Si)  respectively. 
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Fig.  7.  SEM  BSE  images  of  the  Nb-60Hf-25Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours:  (a)  low  magnification  and  (b)  high  magnification.  The  dark  phase  is 
Hf(Nb)2Si  and  the  contrast  in  it  was  probably  due  to  different  grain  orientations.  The  gray 
phase  is  (3(Nb,Hf,Si).  The  light  gray  phase  inside  p(Nb,Hf,Si)  shown  in  (b)  is  probably 
a(Nb?Hf,Si)  formed  during  cooling  from  1500  °C.  The  white  phase  is  a(Nb,Hf,Si),  very 
rich  in  Hf,  which  was  probably  the  result  of  inhomogeneity  in  the  as-DS  structure. 

Fig.  8.  SEM  BSE  image  of  the  Nb-73Hf-17Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours.  The  dark  phase  is  Hf(Nb)2Si.  The  two-phase  region  was  P(Nb,Hf, Si)  at  1500 
°C  and  it  transformed  into  p(Nb,Hf,Si)  +  a(Nb,Hf,Si)  during  cooling.  There  was  a  very 
small  amount  of  a(Nb,Hf,Si)  present  at  1500  °C. 

Fig.  9.  SEM  BSE  images  of  the  Nb-80Hf-5Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours:  (a)  low  magnification  and  (b)  high  magnification.  The  dark  phase  is 
Hf(Nb)2Si.  The  two-phase  region  was  original  p(Nb,Hf,Si)  at  1500  °C  and  it  transformed 
into  P(Nb,Hf,Si)  +  a(Nb,Hf,Si)  during  cooling.  The  light  gray  phase  is  a(Nb,Hf,Si) 
which  was  present  at  1500  °C. 

Fig.  10.  SEM  BSE  image  of  the  Nb-90Hf-5Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours.  The  darkest  phase  is  Hf(Nb)2Si.  The  white  phase  is  a(Hf,Nb,Si).  The  two- 
phase  region  was  original  p(Nb,Hf,Si)  at  1500  °C  and  it  transformed  into  p(Nb,Hf,Si)  + 
a(Nb,Hf,Si)  during  cooling. 

Fig.  11.  SEM  BSE  images  of  the  Nb-50Hf-37.5Si  alloy  after  heat  treatment  at  1500  °C 
for  100  hours.  These  images  (a)  and  (b)  were  from  different  regions  of  the  sample  which 
was  inhomogeneous.  The  darkest  phase  in  (a)  is  Nb(Hf)Si2;  the  dark  gray  phase  is 
Hf(Nb)5Si4;  and  the  light  gray  phase  is  Hf(Nb)Si.  The  white  lines  shown  in  (a)  were 
cracks  in  the  sputtered  carbon  coating  on  the  surface  of  the  sample.  The  region  in  (b) 
consisted  of  two  phases:  P(Nb,Hf,Si)  (darker)  and  Hf(Nb)2Si  (brighter). 
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Fig.  12.  SEM  BSE  image  of  the  Nb-55Hf-37.5Si  alloy  after  heat  treatment  at  1500  °C  for 
100  hours.  There  were  three  phases,  but  there  was  little  contrast  between  them.  EBSD 
was  used  for  phase  identification.  The  white  dots  in  the  micrograph  are  imperfections  in 
the  surface  carbon  coating.  The  darkest  lines  and  areas  were  cracks  and  pores  in  the 
sample. 
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Table  1.  Compositions  and  constituent  phases  of  the  alloys  investigated. 


Composition 

Phases  in  as-DS  condition 

Phases  after  1500  °C  /  100  hrs 
heat  treatment. 

Nb-15%Hf-16%Si 

Nb-10%Hf-16%Si 

Primary  (3(Nb,Hf,Si)  dendrites 
with  Nb(Hf)3Si  -  P(Nb,Hf,Si) 
eutectic 

P(Nb,Hf,Si),  Nb(Hf)5Si3, 
Hf(Nb)2Si,  and  Hf(Nb)5Si3* 

Nb-5%Hf-19%Si 
Nb-  10%Hf- 1 8.5%Si 

Primary  Nb(Hf)3Si  with 

Nb(Hf)3Si  -  P(Nb.Hf.Si)  eutectic 

P(Nb,Hf,Si)  and  Nb(Hf)5Si3 

Nb-10%Hf-25%Si 

Primary  Nb(Hf)5Si3,  peritectic 
Nb(Hf)3Si,  Nb(Hf)3Si  - 
P(Nb,Hf,Si)  eutectic 

P(Nb,Hf,Si),  Nb(Hf)5Si3,  and 

Hf(Nb)5Si3* 

Nb-30%Hf-25%Si 

Primary  Hf(Nb)5Si3,  peritectic 
Hf(Nb)2Si,  Hf(Nb)2Si  - 
P(Nb,Hf,Si)  eutectic 

Hf(Nb)2Si  and  p(Nb,Hf,Si), 

and  a(Nb,Hf,Si)  * 

Nb-60%Hf-25%Si 

Nb-40%Hf-30%Si 

Primary  Hf(Nb)2Si  with 

Hf(Nb)2Si  -  P(Nb,Hf-Si)  eutectic 

Hf(Nb)2Si  and  P(Nb,Hf,Si), 

and  a(Nb.Hf.Si)  * 

Nb-80%Hf-14%Si 

Nb-73%Hf-17%Si 

Primary  Hf(Nb)2Si,  Hf(Nb)2Si - 
P(Nb,Hf.Si)  eutectic:  P  -4  P  +  a 

Hf(Nb)2Si  and  p(Nb,Hf,Si); 

P  — »  P  +  a 

Nb-80%Hf-5%Si 

Primary  P(Nb?Hf,Si)  with 
Hf(Nb)2Si  -  P(Nb,Hf.Si)  eutectic 

Hf(Nb)2Si  and  p(Nb,Hf,Si); 

P  — >  P  +  a 

Nb-90Hf-5Si 

Induction  skull  melted 

Hf(Nb)2Si,  p(Nb,Hf,Si),  and 
a(Nb,Hf?Si);  (3  — >  (3  +  oc 

Nb-50Hf-37.5Si 

Primary  Hf(Nb)5Si3,  peritectic 
Hf(Nb)2Si,  and  eutectic  Hf(Nb)2Si 
and  P(Nb,Hf,Si) 

Inhomogeneous  sample.  First 
area:  Hf(Nb)Si  +  Hf(Nb)5Si4  + 
Nb(Hf)Si2;  the  second  area: 
P(Nb,Hf.Si)  +  Hf(Nb)2Si 

Nb-55Hf-37.5Si 

Induction  skull  melted 

] 

1 

Single  phase  Hf(Nb)5Si3.  Small 
amounts  of  Hf(Nb)3Si2, 

Hf(Nb)2Si  and  p(Nb,Hf,Si)  due 
:o  inhomogeneity. 

*  formed  due  to  inhomogeneity  in  the  as-DS  structure. 
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Table  2.  Crystal  structures  of  the  phases  observed  in  the  Nb-Hf-Si  ternary  system 
together  with  the  lattice  parameters  are  for  binary  compounds  and  solid-solution  phases. 


Phase 

Prototype 

Space  group 

Lattice  parameters,  nm 

Ref. 

Nb(Hf)3Si 

PTi3 

P42/n 

a=  1.0224,  c  =  0.5189 

[14] 

Nb(Hf)5Si3 

CrsB3 

I4/mcm 

a  =  0.6570,  c=  1.1884 

[14] 

Nb(Hf)Si2 

CrSi2 

P6422 

a  =  0.4794,  c  =  0.6589 

[14] 

Hf(Nb)Si 

FeB 

Pnma 

a  =  0.6889,  b  =  0.3772,  c  =  0.5223 

[14,15] 

Hf(Nb)5Si4 

Zr3Si4 

P4i2i2 

a  =  0.7039,  c=  1.283 

[14,15] 

Hf(Nb)3Si2 

U3Si2 

P4/mbm 

a  =  0.6988,  c  =  0.3675 

[14,15] 

Hf(Nb)5Si3 

MnsSi3 

P63/mcm 

a  =  0.7844,  c  =  0.5492 

[14,15] 

Hf(Nb)2Si 

A12Cu 

I4/mcm 

a  =  0.6553,  c  =  0.5186 

[14,15] 

(3(Nb,Hf,Si) 

W 

Im  3m 

a  =  0.33007  to  0.3610 

[14] 

a(Hf,Nb,Si) 

Mg 

P63/mmc 

a  =  0.31946,  c  =  0.5058 

[14] 
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Fig.  1.  Schematic  3-D  projection  phase  diagram  of  the  metal-rich  end  of  the  Nb-Hf-Si  ternary  system. 


Si 


Fig.  2.  Isothermal  section  of  the  estimated  equilibrium  Nb-Hf-Si  phase  diagram  at  1500  °C. 
The  bulk  alloy  compositions  are  shown  as  solid  squares.  EPMA  measurements  of  phase 
compositions  are  shown  as  open  circles.  The  tie-triangles  constructed  from  dashed  lines 
were  estimated. 


Hf(Nb),Si  Decomposing 

P(Nb.Hf.Si)  Nb(Hf)6Si3\  Nb(Hf)3Si  Hf(Nb)5Si3 


Fig.  3.  SEM  BSE  images  of  the  Nb-10Hf-16Si  alloy  after  heat  treatment  at  1500  °C  for  100 
hours.  The  bright  phase  is  Hf(Nb)sSiv  the  light  gray  phase  is  Hf(Xb):Si.  the  dark  gray  phase 
Nb(Hf)5Siv  and  the  dark  phase  is  p(Nb.Hf.Si).  The  area  shown  in  a  circle  in  (b)  is  non¬ 
equilibrium  and  is  Nb(Hf)-Si  that  is  decomposing  to  Xb(Hfi5Si;  and  p(Nb.Hf.Si). 


Fig.  4.  SEM  BSE  images  of  the  Nb-10Hf-25Si  alloy  after  heat  treatment  at  1500  °C  for  100  hours: 
(a)  low  magnification  image  and  (b)  high  magnification  image.  The  white  phase  is  Hf(Nb)5Si3  that 
resulted  from  segregation  in  the  original  as-DS  structure. 


B(Nb,Hf,Si) 


Fig.  5.  SEM  BSE  image  of  the  Nb-30Hf-25Si  alloy  after  heat  treatment  at  1500  :C  for  100  hours. 
The  white  phase  is  ot(Hf.Nb.Si)  which  was  probably  the  result  of  inhomogeneity  in  the  as-DS 

sample.  The  gray  and  dark  phases  are  Hf(Nb):Si  and  |3(Nb.Hf.Si  i  respective’) . 


Hf(Nb)2Si  p(Nb,Hf,Si)  Transformed 


Transformed  a(Hf,Nb,Si) 


Transformed  a(Hf,Nb, Si)  p(Nb,Hf,Si)  Hf(Nb)2Si 


Fig.  9.  SEM  BSE  images  of  the  Nb-80Hf-5Si  alloy  after  heat  treatment  at  1500  °C  for  100  hours:  (a) 
low  magnification  and  (b)  high  magnification.  The  dark  phase  is  Hf(Nb);Si.  The  two-phase  region  was 

original  P(Nb.Hf.Si>  at  1500  =C  and  it  transformed  into  (3(Nb.Hf.Si)  +  cdHf.Nb.Si)  during  cooling. 

The  light  gray  phase  is  a.(Hf.Nb.Si)  which  was  present  at  1500  'C. 


50  jim 


Fig.  1 1.  SEM  BSE  images  of  the  Nb-50Hf-37.5Si  alloy  after  heat  treatment  at  1500  °C  for  100  hours. 
These  images  (a)  and  (b)  were  from  different  regions  of  the  sample  which  was  inhomogeneous.  The 
darkest  phase  in  (a)  is  NblHtlS^  the  dark  gray  phase  is  Hf(Nb)^Si^:  and  the  light  gray  phase  is 
Hf(Nb)Si.  The  white  lines  shown  in  (a)  were  cracks  in  the  sputtered  carbon  coating  on  the  surface  of 
the  sample.  The  region  in  (b)  consisted  of  two  phases:  ptNb.Hf.Si  >  (darker)  and  Hf(Nb)2Si  (brighter). 
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50  um 


Hf(Nb)5Si3  Hf(Nb)2Si 


Hf(Nb)3Sh 


Fig.  12.  SEM  BSE  image  of  the  Nb-55Hf-37.5Si  alloy  after  heat  treatment  a:  1500  :C  for  100 
hours.  There  w  ere  three  phases,  but  there  was  little  contrast  between  them.  EBSD  was  used  f 
phase  identification.  The  white  dots  in  the  micrograph  are  imperfections  ir.  the  surface  carbon 
coatins.  The  darkest  lines  and  areas  were  cracks  and  pores  in  the  sample. 


Characterization  of  silicide  precipitates 
in  Nb-Si  and  Nb-Ti-Si  alloys 


R.J.  Grylls,  B.P.  Bewlay,  H.A.  Lipsitt,  and  H.L.  Fraser 


Philosophical  Magazine,  2000 


Characterization  of  silicide  precipitates  in  Nb-Si  and  Nb-Ti-Si  alloys 

By  R.J.  Grylls1,  B.P.  Bewlay2,  H.A.  Lipsitt1  andH.L.  Fraser1 
'Department  of  Materials  Science  and  Engineering,  The  Ohio  State  University, 

Columbus,  OH  43210,  U.S.A. 

2General  Electric  Company,  Corporate  Research  and  Development, 

Schenectady,  NY  12301,  U.S.A. 

Abstract 

The  present  paper  describes  the  morphology,  chemistry  and  crystallography  of  silicide 
precipitates  that  were  observed  in  Nb-Si  and  Nb-Ti-Si  solid  solutions.  Although  the  stable 
structure  of  Nb3Si  is  tetragonal  (tP32),  within  the  body-centered-cubic  (bcc)  Nb  solid  solution 
fine-scale  Nb3Si  precipitates  were  observed  with  a  metastable  orthorhombic  crystal  structure. 
These  precipitates  were  observed  with  an  acicular  morphology,  and  with  sizes  ranging  from  2nm 
to  lpm  in  the  as-solidified  condition.  The  orientation  relationship  between  these  precipitates  and 
the  Nb  matrix  is  ( 1 00)// ( 1 00)  [0 1 0]//[0 1 0] .  It  is  suggested  that  the  metastable  orthorhombic 
structure  forms  due  to  ease’  of  nucleation  of  this  structure  in  the  bcc  Nb  matrix.  The 
crystallography  of  these  precipitates  is  described,  and  these  findings  are  compared  with  previous 
data  on  the  Nb-Si  system. 
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1 .  Introduction 


Recent  studies  of  Nb-Si  in-situ  composites  have  shown  a  promising  combination  of  high- 
temperature  strength,  creep  resistance  and  room-temperature  fracture  toughness  (Mendiratta  and 
Dimiduk  1989,  Mendiratta  et  al.  1991,  Dimiduk  et  al.  1993,  Jackson  et  al.  1996,  Cockeram  et  al. 
1991a).  These  composites  consist  of  a  Nb-silicide  toughened  with  a  Nb  solid  solution  (the  Nb-Si 
solid  solution  is  abbreviated  by  (Nb)  in  the  present  paper).  The  (Nb)  may  also  contain  a 
dispersion  of  silicide  precipitates  (Mendiratta  et  al.  1991,  Cockeram  et  al.  1991b,  Cockeram  et 
al.  1992).  The  purpose  of  the  present  paper  is  to  describe  the  chemistry  and  crystallography  of 
precipitates  that  are  generated  in  Nb  solid  solutions  of  directionally  solidified  (DS)  composites  of 
binary  Nb-Si  and  ternary  Nb-Ti-Si  alloys. 

The  Nb-rich  side  of  the  Nb-Si  phase  diagram  contains  a  eutectic  reaction  liquid  (Nb)  + 
MyjSi  at  1880°C  and  18.2%  Si  (Bewlay  et  al.  1997)  (compositions  are  given  in  atom  percent 
throughout  this  paper),  and  a  eutectoid  reaction  Nb3Si  -»  (Nb)  +  Nb5Si3  at  1770°C  (Mendiratta 
and  Dimiduk  1991,  Massalski  1992).  These  eutectic  and  eutectoid  reactions  represent  the  basis 
for  the  in-situ  composites  that  have  been  investigated  previously  (Mendiratta  and  Dimiduk  1989, 
Jackson  et  al.  1996).  Nb3Si  forms  by  a  peritectic  reaction  between  liquid  of  composition  Nb- 
20%Si  and  Nb5Si3.  The  eutectoid  decomposition  kinetics  of  Nb3Si  to  (Nb)  and  Nb5Si3  are  very 
slow  (Subramanian  et  al. .1994),  and  in  as-cast  alloys  with  Si  concentrations  less  than  the  liquid 
composition  at  the  peritectic  temperature,  only  Nb3Si  and  no  primary  Nb5Si3  is  observed.  The 
Nb5Si3  and  Nb3Si  have  tI32  (space  group  I4/mcm)  and  tP32  (space  group  P42/n)  crystal 
structures,  respectively. 

Mendiratta  and  Dimiduk  (1989)  have  previously  observed  Si-rich  particles  in  binary  Nb-Si 
alloys,  and  they  postulated  that  these  precipitates  were  generated  as  a  result  of  the  decrease  in  the 
solubility  of  Si  in  (Nb)  with  decreasing  temperature  on  cooling  after  a  1500°C  heat  treatment. 
Cockeram  et  al.  (1991a,  1991b)  also  characterized  silicide  precipitates  seen  in  a  Nb-lOSi  alloy. 
The  assessed  Nb-Si  phase  diagram  (APD)  (Massalski  1992)  indicates  that  Nb  has  a  maximum 
silicon  solubility  of  3.5%  at  the  eutectic  temperature  (1880°C)  and  it  decreases  to  0.5%  at 
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1770°C.  These  data  can  therefore  account  for  the  precipitation  that  has  been  reported. 
Mendiratta  and  Dimiduk  (1991)  reported  the  following  Si  concentrations  in  Nb  as  a  function  of 
temperature:  1.31%  at  1700°C,  0.61%  at  1500°C  and  0.60%  at  1300°C.  These  data  indicate  a 
very  sharp  decrease  in  the  Si  solubility  from  3.5%  at  1880°C  to  1.31%  at  1700°C,  but  there  is  a 
smaller  decrease  from  1700°C  to  1300°C.  Below  1200°C  the  solubility  of  Si  in  Nb  is  <  0.1% 
(Massalski  1992).  It  should  be  noted  that  the  recently-reported  data  regarding  solubility  of  Si  in 
Nb  (Mendiratta  and  Dimiduk  1991)  differs  from  the  APD. 

Cockeram  et  al.  (1991b)  characterized  precipitates  that  were  found  in  arc  melted  Nb-lOSi. 
They  used  electron  diffraction  and  Energy  Dispersive  X-ray  Spectroscopy  (EDS)  in  the 
Transmission  Electron  Microscope  (TEM)  to  identify  precipitates  in  primary  (Nb)  dendrites. 
They  claimed  that  the;  precipitates  possessed  the  NbsSi  stoichiometry,  and  that  they  had  the  stable 
tP32  structure.  Based  on  the  volume  fraction  of  Nb3Si  precipitates  that  they  observed  in  the 
(Nb),  they  suggested  that  the  maximum  solubility  of  Si  in  (Nb)  at  the  eutectic  temperature  was 
4.4%. 

Phase  stability  in.  the  ternary  Nb-Ti-Si  system  has  been  investigated  recently  and  two-phase 
composites  with  a  wide  range  of  microstructures  have  been  reported  (Bewlay  et  al.  1997, 
Subramanian  et  al.  1994,  Bewlay  et  al.  1994).  For  Ti  concentrations  up  to  ~50%  and  Si 
concentrations  less  than- 16%  the  eutectic  reaction  between  (Nb)  and  NbsSi  still  occurs.  In  this 
system  the  NbaSi  with  Ti  in  solid  solution  is  referred  to  as  (Nb,Ti)3Si,  because  NbsSi  and  T^Si 
are  isomorphous.  Similarly,  the  Nb  with  Ti  and  Si  in  the  bcc  solid  solution  is  referred  to  as 
(Nb,Ti).  The  (Nb,Ti)  solid  solution  was  previously  found  to  contain  up  to  1.2%  Si  (Bewlay  et  al. 
1997).  Silicide  precipitates  have  also  been  observed  in  the  metallic  phase  of  the  (Nb,Ti)- 
(Nb,Ti)sSi  composites  (Bewlay  et  al.  1998).  However,  there  has  been  no  previous  examination 
of  the  crystallography  of  these  precipitates  or  their  orientation  relationship  with  the  (Nb,Ti) 
matrix. 
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The  present  paper  describes  characterization  of  silicide  precipitates  in  the  Nb  solid 
solutions  of  composites  generated  from  binary  Nb-Si  and  ternary  Nb-Ti-Si  alloys.  These 
findings  are  compared  with  previous  data  on  the  Nb-Si  system. 

2.  Experimental  Procedures 

Binary  Nb-Si  and  ternary  Nb-Ti-Si  alloys  were  prepared  from  >99.99%  purity  elements  by 
induction  levitation  melting  in  a  segmented  water-cooled  copper  crucible.  The  alloys  were  triple 
melted  and  then  directionally  solidified  using  a  modified  Czochralski  method  in  order  to  generate 
two-phase  in-situ  composites,  as  has  been  described  in  more  detail  elsewhere  (Jackson  et  al. 
1996,  Bewlay  etal.  1994). 

TEM  foils  were  electro-discharge-machined  perpendicular  to  the  growth  direction  of  the 
DS  composites.  Samples  were  ground  to  100pm  thickness,  mechanically  dimpled  to  35pm 
thickness,  then  perforated. using  a  Gatan  DuoMill  ion-mill.  Samples  were  examined  using  a 
Philips  XL-30  Field  Emission  Gun  Scanning  Electron  Microscope  (FEGSEM),  a  Philips  CM200 
TEM  and  a  Philips  CM300  FEGTEM.  Electron  microdiffraction  was  used  to  determine  the 
crystallography  of  the  silicide  precipitates  and  their  orientation  relationship  with  the  (Nb)  matrix. 
EDS  was  performed  in  order  to  determine  the  precipitate  chemistry. 

3.  Results 


3.1.  Binary  NbsSi precipitates 

The  Nb-14%Si  hypoeutectic  alloy  contains  (Nb)  dendrites  and  an  inter-dendritic  eutectic  of 
(Nb)  and  Nb3Si,  as  has  been  described  previously  (Bewlay  et  al.  1993,  Bewlay  et  al.  1994). 
Figure  1  shows  the  typical  microstructure  of  the  alloy,  with  (Nb)  as  the  light  phase,  and  Nb3Si  as 
the  dark  phase.  Nb3Si  is  continuous  within  the  eutectic  portion  of  the  microstructure.  The 
typical  microstructure  of  the  (Nb)  of  the  DS  composite  as  seen  in  the  TEM  is  shown  in  figure  2. 
Each  (Nb)  dendrite  is  essentially  a  single  crystal:  no  subgrains  have  been  observed. 
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Heterogeneous  precipitation  of  large-scale  silicide  precipitates  was  observed.  These  precipitates 
are  indicated  in  figure  2,  and  a  typical  group  of  large-scale  silicide  precipitates  within  the  (Nb) 
dendrite  of  the  Nb-14Si  composite  is  shown  in  more  detail  in  figure  3.  These  silicides  possess 
Nb3Si  stoichiometry,  as  will  be  shown  later.  The  principal  axis  of  the  large  (~500nm  long), 
central  precipitate  is  parallel  to  the  [100]  direction  of  the  (Nb).  Secondary  precipitates  have 
grown  off  the  large  central  precipitate  in  directions  parallel  to  the  [010]  and  [001]  of  the  (Nb). 
Precipitate-free  zones  ~100nm  wide  were  observed  in  the  (Nb)  around  the  silicide  precipitates. 
In  the  (Nb)  dendrite  away  from  the  large-scale  silicide  precipitates  contrast  was  observed  from 
fine-scale  (~50nm  long)  acicular  silicide  precipitates,  as  indicated  in  figure  3.  These  precipitates 
are  distributed  homogeneously  throughout  the  dendrite,  except  in  the  precipitate-free-zones, 
where  they  are  absent. 

Precipitate-free-zones,  typically  l(im  wide,  are  also  found  at  the  boundaries  of  the  (Nb) 
dendrites.  Cockeram  et  al.  (1991b)  also  reported  precipitate  free  zones  0.6-1. 3|i,m  wide  in  the 
primary  (Nb)  dendrites.  No  precipitates  are  found  in  the  eutectic  (Nb).  This  is  expected,  since 
the  width  of  the  eutectic  (Nb)  ligaments  is  less  than  the  width  of  the  precipitate-free-zone  seen  in 
the  (Nb)  dendrite. 

Electron  microdiffraction  patterns,  shown  in  figure  4,  indicate  that  the  eutectic  Nb3Si 
possesses  the  stable  tP32  structure.  However,  the  silicide  precipitates  within  the  (Nb)  were  found 
to  possess  a  different  crystal  structure,  as  will  be  shown. 

The  silicide  precipitate  chemistry  was  determined  using  TEM  EDS,  as  described  below. 
Several  precipitate  compositions  were  compared  to  the  composition  of  the  eutectic  Nb3Si  using 
EDS  measurements  taken  from  very  thin  regions  at  the  edge  of  the  foil,  where  any  spectral 
interference  from  the  (Nb)  matrix  is  minimized.  Measurements  were  taken  using  the  CM300 
FEGTEM  to  make  use  of  the  fine  probe  size  and  high  intensity  afforded  by  the  PEG  source. 
Assuming  that  the  eutectic  Nb3Si  has  the  exact  3:1  stoichiometry,  and  thus  using  it  to  determine 
k-factors,  the  composition  of  the  precipitates  was  determined  to  be  in  the  range  Nb-24%Si  to  Nb- 
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27%Si.  This  is  sufficiently  small  scatter  that  it  may  be  concluded  that  the  composition  of  the 
precipitates  is  based  on  the  stoichiometry  Nb3Si. 

Diffraction  data  obtained  in  the  present  study,  and  shown  in  figure  5,  show  that  these  large- 
scale  silicide  precipitates  possess  an  orthorhombic  crystal  structure.  Extensive  tilting 
experiments  were  performed  to  determine  the  point  group  and  lattice  parameters.  The  diffraction 
patterns  in  figure  5  were  obtained  using  the  high-tilt  stage  of  the  CM200  TEM,  where  it  was 
possible  to  tilt  90°  from  one  <100>  pole  to  the  next.  Thus  it  was  possible  to  determine 
unequivocally  that  the  structure  was  orthorhombic.  Approximate  lattice  parameters  were 
obtained  by  assuming  that  the  lattice  parameter  of  the  (Nb)  matrix  was  3.30A.  Thus  the  lattice 
parameters  were  determined  to  be  a  =  9.3A,  b  =  15.9A,  c  =  3.4A,  which  approximately 
corresponds  to  factors  of  3,  5,  and  1  times  that  of  the  (Nb)  lattice  parameter.  The  point  group 
was  determined  to  be  mmm,  and,  based  solely  on  the  reflections  observed  to  be  absent  in  the 
microdiffraction  patterns,  it  is  suggested  that  the  space  group  is  Immm. 

The  following  orientation  relationship  was  observed  between  the  precipitates  and  the  (Nb) 
matrix: 

[100]Nb  I  I  [100]pp, ;  (001)Nb  I  I  (001)ppt. 

The  precipitates  described  by  Cockeram  et  al.  (1992)  possessed  a  rod/plate-like 
morphology  (0.05-0.2jj.m).  Cockeram  et  al.  (1991b)  reported  that  the  diffraction  patterns  from 
the  silicide  precipitates  observed  in  that  study  were  consistent  with  a  tetragonal  structure  with 
lattice  parameters  of  a  =  10.224A  and  c  =  5. 189A. 

Certain  diffraction  patterns  obtained  from  the  silicide  precipitates  in  the  (Nb)  of  the  DS 
composites  observed  in  the  present  study  appear  identical  to  those  published  by  Cockeram  et  al. 
(1991b),  where  they  are  identified  as  originating  from  tetragonal  Nb3Si.  Re-examination  of  the 
precipitate  diffraction  patterns  published  previously  indicates  that  the  diffraction  spots  in  figure 
3c  (Cockeram  et  al.  1991b)  are  of  approximately  the  correct  spacing,  but  the  angles  between 
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reflections  are  inconsistent  with  those  expected  for  the  <311]  poles*  of  tetragonal  Nb3Si. 
Essentially,  the  Zero-Order-Laue-Zone  (ZOLZ)  in  figure  3c  (Cockeram  et  al.  1991b)  appears  to 
show  2mm  symmetry,  which  the  <311]  poles  of  tetragonal  Nb3Si  do  not  possess.  Furthermore, 
the  proposed  orientation  relationship  of  [113]Nb3Si  II  [001]Nb  ;  (~110)Nb3Si  II  (100)Nb  is 
inconsistent  with  the  claim  that  the  <311]  poles  are  parallel  to  <001>Nb  directions,  since  the 
angle  between  [113]  and  [311]  or  [131]  is  -44°,  not  90°,  and  no  <311]  pole  is  at  90°  to  any 
<1 13>  pole.  In  fact  the  poles  shown  in  figures  3c  and  4a  (Cockeram  et  al.  1991b)  correspond 
very  well  to  the  [010]  and  [100]  poles  shown  in  figure  5  of  the  present  study.  These  slight 
inconsistencies  in  the  analysis  by  Cockeram  et  al.  (1991b)  probably  arose  because  the 
precipitates  observed  were  small  (<100nm  in  width)  and  the  inter-particle  spacing  was  small 
(<100nm).  The  diffraction  patterns  seen  in  (Cockeram  et  al.  1991b)  and  in  the  present  study 
appear  identical,  and  so  it  is  concluded  that  the  precipitates  observed  in  the  previous  study  of  Nb- 
lOSi  were  also  orthorhombic.  .  - 

The  fine-scale  precipitates,  shown  in  detail  in  figure  6,  were  found  to  have  the  same 
structure  as  the  large-scale  precipitates.  Figure  7  shows  the  three  <00 1>  poles  of  the 
orthorhombic  structure  taken  from  precipitates  such  as  those  shown  in  figure  6.  The  precipitates 
are  faceted,  with  facet  faces  parallel  to  {11 0)ppt,  as  is  shown  in  figure  6.  Precipitates  have  an 
acicular  morphology,  with  [001]ppt  parallel  to  the  axis  of  the  needle. 

3.2.  Ternary  (Nb,Ti)$Si  precipitates 

The  microstructure  of  the  as-DS  Nb-42.5Ti-15Si  consisted  of  non-faceted  (Nb,Ti)  dendrites 
(20-50pm),  which  are  the  lighter  phase  in  the  BSE  micrograph  in  figure  8,  together  with  large- 
scale  (~50  pm)  faceted  (Nb,Ti)3Si  dendrites.  The  microstructure  showed  good  alignment  of  both 
non-faceted  (Nb,Ti)  dendrites  and  faceted  (Nb,Ti)3Si  dendrites  with  the  growth  direction. 


*  The  mixed  notation  (hid)  and  <uvw]  is  used  to  differentiate  the  first  two  indices  from  the  third  index,  both  in  the 
case  of  the  tetragonal  structure  and  the  orthorhombic  structure. 
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A  typical  array  of  silicide  precipitates  within  a  (Nb.Ti)  dendrite  is  shown  in  figure  9.  The 
precipitates  are  elongated  in  the  [001  ]ppt  direction,  and  all  possible  orientational  variants  with  the 
matrix  are  seen.  Precipitation  is  generally  homogeneous,  as  shown  in  figure  10,  with  groups  of 
heterogeneously-nucleated  precipitates  surrounded  by  a  precipitate-free  zone,  as  shown  in  figure 
9.  The  binary  alloy  discussed  earlier  also  exhibited  a  bimodal  precipitate  distribution,  although  it 
is  yet  to  be  confirmed  that  the  bimodal  array  in  both  alloys  is  formed  by  a  similar  precipitation 
mechanism. 

The  silicide  precipitates  in  the  (Nb,Ti)  have  the  same  orthorhombic  crystal  structure  and 
orientation  relationship  with  the  (Nb,Ti)  matrix  as  found  in  the  binary  alloy,  and  to  within  the 
limits  of  the  TEM  diffraction  measurements,  the  same  lattice  parameters.  The  precipitates  are 
faceted,  with  facet  faces  parallel  to  { 1 10)ppt  as  found  for  the  binary  alloy.  Typically,  the 
homogeneous  precipitates  had  a  width  of  ~10nm  (facet-to-facet)  in  the  as-DS  condition.  Again, 
EDS  identified  these  silicide  precipitates  as  (Nb,Ti)3Si-type  rather  than  Nb(Ti)5Si3  type.  While 
the  details  of  these  precipitates  are  reported  for  the  (Nb,Ti)  of  the  Nb-42.5Ti-15Si,  similar 
precipitates  have  also  been  observed  in  Nb-44Ti-12Si,  Nb-lSi  and  other  Nb-Ti-Si  alloys  in  the 
DS  condition,  as  well  as  after  various  heat  treatments.  Work  is  continuing  to  establish  the 
precipitation  kinetics  at  various  temperatures,  and  to  examine  the  effect  of  these  precipitates  on 
mechanical  properties. 


4.  Discussion 

In  the  (Nb,Ti)  it  was  expected  that  the  precipitates  would  be  the  Nb3Si  type  because 
additions  of  >17%  Ti  stabilize  Nb3Si  in  preference  to  Nb5Si3  (Bewlay  et  al.  1997,  Subramanian 
et  al  1994).  However  in  the  binary  alloy  Nb3Si  is  unstable  below  1770°C.  Thus  in  the  binaiy 
alloy  not  only  is  the  precipitate  composition  metastable  with  respect  to  Nb5Si3,  but  the  crystal 
structure  is  also  metastable  with  respect  to  the  stable  tP32  structure  of  Nb3Si. 

Therefore,  why  is  the  orthorhombic  phase  observed  in  these  alloys?  Simply  from 
considerations  of  the  mismatch  between  precipitate  and  matrix,  it  can  be  seen  that  the  interface 
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between  matrix  and  orthorhombic  precipitate  will  require  one  extra  plane  of  atoms  present  only 
when  the  precipitate  reaches  ~5nm  in  size.  Thus  the  interphase  interface  would  be  expected  to  be 
coherent  up  to  a  certain  size  of  precipitate,  and  semi -coherent  for  larger  sizes.  Although  the 
atomic  structure  of  the  precipitates  has  not  been  determined,  diffraction  evidence  suggests  that 
the  orthorhombic  precipitates  may  be  body-centered  in  structure,  and  thus  may  nucleate  easily  by 
ordering  of  the  bcc  matrix,  which  could  make  the  barrier  to  nucleation  quite  low.  No  simple 
lattice  match  exists  between  the  (Nb)  matrix  and  either  tP32  NbsSi  or  tI32  NbsSi3  (Cockeram  et 
al.  1991a).  This  suggests  that  the  barrier  to  nucleation  of  orthorhombic  NbsSi  may  be 
significantly  lower  than  the  barrier  to  nucleation  of  either  of  the  stable  structures.  Therefore  it  is 
thought  that  the  orthorhombic  structure  is  seen  because  of  close  lattice  matching  of  the 
precipitate  and  matrix,  and  so  the  orthorhombic  precipitates  are  able  to  form  at  a  lower 
undercooling  than  either  of  the  stable  structures.  Work  is  continuing  to  establish  the  heat- 
treatment  conditions  whereby  the  orthorhombic  structure  transforms  to  the  stable  phase. 

The  ordered  orthorhombic  (Nb,Ti)3Si  and  NbsSi  are  thus  considered  to  be  metastable 
precipitates  that  may  be  nucleated  by  ordering  of  Si  atoms  within  the  (Nb).  In  the  case  of 
(Nb,Ti)3Si  the  orthorhombic  structure  is  intermediate  to  the  stable  tP32  (Nb,Ti)3Si.  However, 
NbsSi  is  intermediate  to  the  stable  tI32  NbsS^. 

5.  Conclusions 

Precipitates  were  observed  in  (Nb)  and  (Nb,Ti)  of  the  in-situ  composites  of  both  binary  Nb- 
Si  and  ternary  Nb-Ti-Si  alloys.  The  precipitates  possess  an  ordered  orthorhombic  structure,  with 
lattice  parameters  a  =  9.3A,  b  =  15.9A,  c  =  3.4A.  The  following  precipitate-matrix  orientation 
relationships  were  observed  in  both  the  Nb-Si  binary  and  the  Nb-Ti-Si  ternary  alloys: 

[100]Nb  I  I  [100]ppt ;  (001)Nb  |  |  (001)ppt 

The  precipitates  exhibited  a  bimodal  distribution,  and  it  is  suggested  that  the  large-scale 
precipitates  nucleate  heterogeneously  and  finer-scale  homogeneously.  However,  all  precipitates 
showed  the  same  crystal  structure,  orientation  relationships  and  acicular  morphology,  with 
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[001]ppt  being  parallel  to  the  principal  axis  of  the  precipitate.  The  bulk  Nb3Si  in  the  binary  Nb-Si 
and  the  bulk  (Nb,Ti)3Si  in  the  Nb-Ti-Si  alloys  possess  the  stable  tP32  structure. 

The  (Nb,Ti)3Si  precipitates  are  metastable  with  respect  to  the  tP32  structure,  but  they 
possess  the  stable  stoichiometry.  The  Nb3Si  precipitates  are  metastable  with  respect  to  both  the 
stoichiometry  and  crystal  structure  of  tI32  Nb5Si3.  Ordering  to  the  metastable  orthorhombic 
Nb3Si  requires  a  smaller  nucleation  barrier  than  to  the  stable  tI32  Nb5Si3  and  the  close  matching 
of  the  lattice  plane  spacing  of  the  matrix  and  precipitate  allows  the  interfacial  energy  to  be 
minimized. 

The  interphase  interfaces  are  semi-coherent  for  the  large-scale  precipitates  and  are  expected 
to  be  coherent  for  very  fine  precipitates  (~5nm  in  size).  Incoherent  orthorhombic  precipitates 
were  not  observed. 
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Figure  1  Backscattered  Electron  (BSE)  scanning  electron  micrograph  showing  a  transverse 
section  through  the  as-DS  binary  composite.  The  (Nb)  dendrite  is  surrounded  by  a 
eutectic  mixture  of  Nb3Si  and  (Nb).  (Nb)  is  the  lighter  phase. 
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Figure  2  Many-beam  bright-field  transmission  electron  micrograph  showing  the  typical  distri¬ 
bution  of  precipitate  groups  within  a  (Nb)  dendrite.  Each  group  consists  of  many 
precipitates.  Beam  direction  B  is  close  to  <001>(Nb). 


Homogeneous 

precipitation 


Heterogeneous 

precipitates 

Precipitate- 

free-zone 


Figure  3  Two-beam  bright-field  transmission  electron  micrograph  showing  a  typical  group  of 
heterogeneously-nucleated  precipitates  within  a  (Nb)  dendrite.  A  precipitate-free 
zone  can  be  seen  around  the  group.  Outside  this  zone,  fine-scale,  homogeneously- 
nucleated  acicular  precipitates  are  seen,  as  shown  in  more  detail  in  Figure  6.  B  is 
close  to  [001]^. 


Figure  4  Microdiffraction  patterns  showing  the  (a)  [001]  and  (b)  [110]  poles  of  the  continuous 
Nb3Si  phase  formed  during  eutectic  solidification.  All  poles  and  angles  between 
poles  are  consistent  with  the  stable  tP32  structure  of  Nb3Si. 


Figure  5  Microdiffraction  patterns  taken  from  large-scale  Nb3Si  precipitates  within  a  (Nb) 
dendrite.  All  poles  and  angles  between  poles  are  consistent  with  an  orthorhombic 
structure,  point  group  mmm,  with  lattice  parameters  a  =  9.3A,  b  =  15. 9A,  c  =  3.4A. 


Figure  6  Many-beam  bright-field  transmission  electron  micrograph  showing  fine  orthorhombic 
precipitates.  The  precipitates  tend  to  be  faceted,  with  facet  faces  parallel  to  { 1 10)ppt. 
Only  precipitates  with  [001]  parallel  to  the  beam  direction  are  imaged  in  this  case. 
Precipitates  lying  in  the  plane  of  the  foil  are  essentially  invisible.  One  precipitate  has 
been  outlined,  and  the  faceted  planes  identified.  B  =  <001>(Nb). 


Figure  7  Microdiffraction  patterns  taken  from  the  very  fine  Nb3Si  precipitates  shown  in  Figure 
6.  The  zone- axis  is  in  each  case  <100>Nb,  and  the  diffraction  patterns  obtained  are 
entirely  consistent  with  the  mmm  orthorhombic  structure,  (a)  [100]  (b)  [010]  (c) 
[001]. 


Figure  8  BSE  scanning  electron  micrograph  showing  a  transverse  section  through  the  as-DS 
ternary  composite.  (Nb,Ti)  is  the  lighter  phase,  with  (Nb,Ti)3Si  the  darker  phase. 
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Figure  9  Two-beam  bright-field  transmission  electron  micrograph  showing  typical  groups  of 
precipitates  within  a  (Nb,Ti)  dendrite.  Precipitate-free  zones  can  be  seen  around  the 
larger  precipitates.  Outside  this  zone,  fine-scale,  homogeneously-nucleated  acicular 
precipitates  are  seen,  as  shown  in  Figure  10.  B  is  close  to  [001](Nb). 


Figure  10  Two-beam  bright-field  transmission  electron  micrograph  showing  homogeneously- 
nucleated  acicular  precipitates  within  a  (Nb,Ti)  dendrite.  B  is  close  to  [001Lil„ 
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Summary: 

In-situ  composites  based  on  Nb  silicides  have  great  potential  for  future  high- 
temperature  applications.  These  Nb-silicide  composites  combine  a  ductile 
Nb-based  matrix  with  high-strength  silicides.  With  the  appropriate 
combination  of  alloying  elements,  such  as  Ti,  Hf,  Cr,  Al,  it  is  possible  to 
achieve  a  promising  balance  of  fracture  toughness,  high-temperature  creep 
performance,  and  oxidation  resistance.  This  paper  will  describe  the  effect  of 
volume  fraction  of  silicide  on  microstructure,  high-temperature  creep 
performance,  and  oxidation  resistance.  The  ratio  of  Nb:(Hf+Ti)  is  critical  in 
determining  both  creep  rate  and  oxidation  performance.  If  this  ratio  goes 
below  ~1.5,  the  creep  rate  increases  substantially.  In  more  complex  silicide- 
based  systems,  other  intermetallics,  such  as  Laves  phases  and  a  boron-rich 
T-2  phase,  are  added  for  oxidation  resistance.  To  understand  the  role  of 
each  phase  on  the  creep  resistance  and  oxidation  performance  of  these 
composites,  we  determined  the  creep  and  oxidation  behaviors  of  the 
individual  phases  and  composites  at  temperatures  up  to  1200°C.  These  data 
allow  quantification  of  the  load-bearing  capability  of  the  individual  phases  in 
the  Nb-silicide  based  in-situ  composites. 


Keywords: 

Niobium,  silicide,  composite  high-temperature,  creep,  oxidation  resistance, 
Laves  phase 


1.  Introduction: 

Nb-silicide  based  in-situ  composites  are  potential  candidates  for  very  high 
temperature  structural  applications  (>1150°C),  including  advanced  turbine 
applications  [1-6].  These  composites  consist  of  Nb5Si3  and  Nb3Si  type 
silicides  toughened  with  a  Nb  solid  solution  (abbreviated  by  (Nb)  in  the 
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present  paper).  More  recent  Nb-silicide  based  in-situ  composites  are  highly 
alloyed  with  elements  such  as  Cr,  Ti,  Hf,  B  and  Al  [2-6].  Previous  work  has 
shown  that  these  materials  exhibit  a  good  combination  of  room  temperature 
fracture  toughness  and  high  temperature  strength  [1-6].  However,  their  high- 
temperature  creep  performance  has  been  found  to  be  highly  dependent  on 
the  alloy  composition  and  constituent  phases.  With  the  appropriate 
combination  of  alloying  elements  it  is  possible  to  achieve  the  required 
balance  of  room  temperature  toughness  and  high-temperature  creep 
resistance.  Alloying  elements  such  as  Cr  and  B  have  beneficial  effects  on 
oxidation  resistance,  stabilizing  Laves  phases,  and  T2  niobium  borosilicide 
phases,  respectively. 

Advances  in  high-temperature  materials  have  had  a  major  impact  on  the 
efficiency  of  gas  turbine  engines,  so  that  currently  superalloys  provide  a 
maximum  surface  temperature  capability  of  ~1 150°C.  A  Nb-based  composite 
system,  with  a  melting  temperature  of  1800°C  or  more,  may  allow  a 
substantial  increase  in  surface  temperature.  In  the  past  decade,  the  potential 
of  new  alloys  strengthened  with  intermetallic  compounds  with  low  densities, 
high  elastic  moduli,  and  high  melting  ranges  [3,6]  has  been  explored. 
Intermetallic-based  composite  materials,  such  as  Nb  or  Mo  silicides,  have 
been  combined  with  metallic  second  phases  in  order  to  generate  composites 
with  a  combination  of  attractive  high-temperature  properties  and  acceptable 
low-temperature  properties.  Nb-silicide  based  in-situ  composites  with  Nb3Si 
and/or  Nb5Si3  silicides  have  been  shown  to  have  great  potential  because  of 
their  attractive  balance  of  high-  and  low-temperature  mechanical  properties 
[2,4].  These  materials  have  the  potential  to  surpass  the  performance  of  Ni- 
based  superalloys. 

The  basis  for  phase  stability  in  Nb  :  niobium-silicide  composites  is  the  Nb-rich 
side  of  the  Nb-Si  phase  diagram  where  there  is  a  eutectic  between  Nb3Si  and 
(Nb)  [7,8].  (Nb)-Nb3Si  and  (Nb)-Nb5Si3  composites  have  been  prepared  from 
binary  Nb-Si  alloys  [1,3]  with  compositions  from  10  to  25Si  (all  compositions 
are  given  in  atom  per  cent  throughout  the  present  paper).  The  microstructure 
of  the  composites  from  binary  hypoeutectic  alloys  consists  of  (Nb)  dendrites 
with  an  interdendritic  Nb3Si-(Nb)  eutectic.  In  these  composites  extrinsic 
toughening  is  provided  by  the  (Nb);  there  is  no  intrinsic  ductility  in  the  silicide. 
The  Nb5Si3  and  Nb3Si  have  the  tl32  and  tP32  ordered  tetragonal  structures 
with  32  atoms  per  unit  cell.  The  unit  cells  also  possess  large  lattice 
parameters;  the  large  Burgers  vectors  and  complex  dislocation  cores 
associated  with  these  structures  would  suggest  that  dislocation  creep  makes 
only  a  small  contribution  to  creep  deformation  in  these  silicides.  When 
Nb5Si3  is  alloyed  with  Ti  and  Hf,  the  less  complex  hP16  structure  can  also  be 
stabilized  [8-10].  Nb3Si  and  tetragonal  Nb5Si3  are  beneficial  to  creep 
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behavior,  provided  their  volume  fraction  and  distribution  within  the  composite 
are  controlled  [10]. 

The  present  study  was  performed  to  determine  the  creep  rates  of  Nb-silicide 
based  composites,  and  the  monolithic  intermetallic  phases  in  complex 
systems.  This  study  was  designed  to  develop  both  the  constitutive  creep  laws 
for  these  phases  and  a  predictive  modeling  capability  for  more  complex  two- 
phase  and  multi-phase  systems  [11].  The  aim  of  the  present  paper  is  to 
describe  high-temperature  creep  behavior  of  the  monolithic  intermetallic 
phases  and  the  resulting  Nb-silicide  in-situ  composites  that  were  produced  by 
directional  solidification.  Oxidation  behavior  is  also  discussed. 


2.  Experimental: 

Nb-silicide  based  in-situ  composites  were  directionally  solidified  from 
quaternary  alloys  with  compositions  of  Nb-8Hf-25Ti-XSi,  where  X  was 
adjusted  from  12  to  22%.  The  starting  charges  were  prepared  from  high 
purity  elements  (>99.99%).  The  directional  solidification  procedure  has  been 
described  in  more  detail  previously  [1].  Monolithic  intermetallic  creep 
samples  were  prepared  using  multiple  arc  melting.  Monolithic  Nb  alloys  were 
also  prepared  with  compositions  of  Nb-ISi,  Nb-46Ti-1Si  (denoted  as  Nb-3  in 
the  present  paper),  and  Nb-27Ti-5Hf-2AI-2Cr-0.9Si  (denoted  as  Nb-C),  in 
order  to  determine  the  creep  performance  of  the  Nb  solid  solution  in  the  in- 
situ  composites.  The  samples  were  examined  using  scanning  electron 
microscopy  and  Electron  Back-Scatter  Diffraction  in  the  SEM  (EBSD). 

Table  I  shows  the  compositions  of  the  monolithic  intermetallic  phases  that 
were  investigated.  The  compositions  of  these  phases  were  selected  using 
electron  microprobe  analyses  (EMPA)  of  the  respective  phases  in  multi¬ 
phase  composites  [8,9].  Monolithic  intermetallics  that  were  generated  from 
ternary  alloys  were  given  the  post-script  3,  for  example,  the  Nb5Si3  modified 
with  10%  Ti  was  labeled  silicide-3.  The  monolithic  intermetallics  that  were 
prepared  from  quaternary  and  higher-order  alloys  were  given  the  post-script 
C,  such  as  silicide-C. 

Compression  creep  tests  were  conducted  at  temperatures  of  1100  and 

1200°C,  and  at  stress  levels  of  up  to  280  MPa  in  a  vacuum  of  ~5x10‘5  Torr. 
The  cylindrical  specimens  that  were  used  were  7.6  mm  in  diameter  and  up  to 
30  mm  in  length.  The  samples  were  machined  by  EDM  to  final  dimensions. 
In  each  test  the  sample  was  placed  between  two  silicon  nitride  platens  to 
prevent  breakage  of  the  large  graphite  rams. 
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Nb  foil  was  placed  at  the  interface  between  the  platens  and  the  sample  to 
prevent  any  contamination  of  the  sample  or  reaction  with  the  platens. 
Incremental  loading  and  interruption  of  the  creep  tests  at  24-hour  intervals 
were  employed  to  determine  the  creep  rate  at  multiple  stress  levels. 

Table  I:  Compositions  (in  atom  per  cent )  of  the  monolithic  phases  that  were 
investigated.  The  phases  labeled  ‘silicide’  are  both  based  on  the 
Nb5Si3. 


PHASE 

Nb 

Ti 

Hf 

Si 

Cr 

Al 

B 

Laves-C 

21.0 

11.0 

5.5 

8.5 

53.0 

1.0 

Laves-3 

30.0 

15.0 

55.0 

Silicide-C 

38.5 

16.0 

6.0 

37.0 

1.0 

1.0 

0.5 

Silicide-3 

53.0 

10.0 

37.0 

T2-C 

41.5 

13.0 

3.0 

12.5 

4.0 

0.5 

25.5 

T2-3 

62.5 

12.5 

25.0 

hP16-3 

20 

44 

36.0 

hP16-C 

25.5 

25.5 

13 

36.0 

(Nb)3Si-C 

49.0 

18.2 

7.8 

25.0 

(Nb)-C 

63.1 

27 

5 

0.9 

2 

2 

Nb-ISi 

99 

1 

Nb-46Ti-1Si 

53 

46 

1 

Isothermal  oxidation  tests  were  performed  at  1200  and  1315°C,  in  a  static  air 
MoSi2-resistance  heated  furnace.  Periodic  removal  from  the  furnace  (at  1,  2, 
4,  25,  50,  and  100  hours,  or  until  the  test  was  terminated  (due  to  visual 
observation  of  gross  material  loss),  was  performed  to  determine  weight 
change  per  unit  area.  The  samples  were  machined  by  first  electro-discharge 
machining  and  then  centerless  grinding  to  final  dimensions,  so  that  the 
longitudinal  axis  was  parallel  to  the  growth  direction,  the  sample  being 
nominally  2.5  mm  in  diameter  and  25  mm  in  length.  Metallography  was 
performed  at  the  termination  of  the  test  to  determine  the  approximate 
material  loss  after  100  hours  of  exposure. 


3.  Results  and  Discussion: 

Composite  Microstructures 

Figure  1  shows  the  typical  microstructure  of  the  composites  based  on  Nb- 
8Hf-25Ti-XSi  alloys  with  Si  concentrations  of  20%  and  less.  The 
microstructure  consisted  of  (Nb)3Si  tP32  phase  (the  grey  phase)  with  (Nb) 
dendrites  (the  light  phase).  The  dendrites  appear  to  have  grown 
cooperatively  to  generate  an  interpenetrating  structure.  Both  the  (Nb)3Si  and 
the  (Nb)  possess  substantial  amounts  of  Hf  and  Ti  in  solid  solution  [8,9]. 
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There  was  some  Ti  segregation  in  the  (Nb)  which  led  to  varying  back  scatter 
electron  (BSE)  contrast  at  the  interface  between  the  (Nb)  and  the  (Nb)3Si. 


Figure  1.  Scanning  electron  micrograph  (BSE  image)  of  the  typical 
microstructure  of  the  transverse  section  of  a  DS  composite 
generated  from  a  quaternary  Nb-25Ti-8Hf-16Si  alloy.  The  (Nb)  is 
the  light  phase  and  the  (Nb)3Si  is  the  grey  faceted  phase. 

Figure  2  shows  the  typical  microstructure  of  the  composites  with  Si 
concentrations  greater  than  20%  and  less  than  25%Si.  In  addition  to  the 
(Nb)3Si  and  (Nb)  phases  observed  in  the  composites  from  lower  Si 
concentrations,  the  Nb5Si3  tl32  phase  was  also  observed  as  the  primary 
solidification  phase.  The  (Nb)5Si3was  the  large-scale,  dark,  faceted  phase. 


Creep  of  Composites 

Figure  3  shows  the  creep  rate  as  a  function  of  Si  concentration  for  the  Nb- 
25Ti-8Hf-XSi  composites,  where  X  was  adjusted  from  12  to  22  atomic 
percent.  Data  are  shown  at  1200°C  for  stresses  of  140  to  280  MPa. 
Quantitative  microscopy  indicated  that  as  the  Si  concentration  was  increased 
from  12%  to  18%,  the  volume  fraction  of  (Nb)3Si  increased  from  0.25  to 
0.62.  There  is  a  broad  range  of  compositions  for  which  the  creep  rate  is  less 
than  3x1 0'8s'\  which  is  an  important  design  goal  for  high-temperature 
applications  [4]. 

There  are  two  important  features  of  these  creep  data.  First,  the  creep  rate 
possessed  a  minimum  value  between  18  and  20  %Si.  The  compositional 
width  of  the  creep  rate  minimum  decreased  with  increasing  stress.  Second, 
at  higher  Si  concentrations  (>20%)  the  creep  rate  increased.  Microstructural 
analysis  of  samples  after  creep  testing  indicated  that  at  low  Si 
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concentrations,  deformation  was  controlled  by  creep  of  the  (Nb),  but  at  high 
Si  levels,  creep  deformation  was  controlled  by  cracking  of  the  silicide. 


NbaSi  Nb5Si3  (Nb) 


Figure  2.  Scanning  electron  micrograph  (BSE  image)  of  the  typical 
microstructure  of  a  transverse  section  of  a  DS  composite  from  a 
quaternary  Nb-25Ti-8Hf-22Si  alloy.  The  (Nb)  is  the  light  phase, 
the  (Nb)3Si  is  the  grey  phase,  and  the  (Nb)5Si3  the  dark  phase. 


Silicon  Content  (at.%) 

Figure  3.  Effect  of  Si  concentration  (volume  fraction  of  metal  and  silicide) 
on  the  secondary  creep  rate  of  Nb-Si  based  composites  for 
stresses  of  70-280  MPa  at  1200°C.  At  low  Si  concentrations, 
deformation  is  controlled  by  creep  of  the  (Nb)  and  at  high  Si 
concentrations,  composite  deformation  is  controlled  by  cracking 
of  the  silicide. 
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Creep  Behavior  of  the  Monolithic  Phases 

The  creep  data  for  the  monolithic  intermetallics  are  shown  in  Figure  4. 
Figure  4  also  shows  data  for  the  binary  monolithic  Nb5Si3,  and  the  Nb5Si3-Nb 
composite  prepared  from  the  binary  Nb-IOSi  alloy  [11].  The  binary  Nb5Si3 
possessed  the  lowest  creep  rates  and  the  Nb3Si-C  displayed  the  highest 
creep  rates  of  the  tetragonal  phases  investigated.  The  hP16  phases  had 
creep  rates  similar  to  the  T2-C  phase  at  stresses  up  to  140  MPa.  However, 
on  increasing  the  stress  above  140MPa  the  creep  rate  of  the  hP16-C 
increased  rapidly  to  a  level  of  3x10‘ss'1at  210  MPa,  as  shown  in  Figure  4. 
This  behavior  suggests  a  change  in  creep  mechanism  with  increasing  stress. 
The  hP16  phases  have  the  worst  performance,  and  at  high  stresses  these 
creep  rates  are  beyond  the  scale  of  Figure  4. 
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Figure  4.  Secondary  creep  rates  at  1200°C  for  the  monolithic  silicides, 
Laves  phases,  hP16  and  72  phases  that  were  investigated. 

The  silicide-3  and  silicide-C  had  creep  rates  that  were  also  higher  than  those 
of  the  binary  Nb5Si3.  The  ternary  Nb5Si3  with  Ti  had  a  lower  creep  rate  than 
the  Nb5Si3-C.  The  T2-C  creep  curve  was  higher  than  those  of  the  Nb5Si3 
type  silicides,  although  it  is  lower  than  that  of  the  Nb3Si-C.  The  creep  rate  of 
the  T2-3  was  ~1x10'8s_1,  but  there  was  little  sensitivity  of  the  creep  rate  to 
stress.  The  T2-3  also  had  a  lower  creep  rate  than  the  T2-C;  the  addition  of 
Ti,  Hf,  Cr  and  Al  led  to  an  increase  in  the  creep  rate  of  the  T2.  The  Laves-3 
possessed  creep  rates  similar  to  those  of  the  silicide-3. 
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The  creep  rates  of  the  Nb-ISi,  Nb-46Ti-1  Si,  and  Nb-C  at  1 100°C  and  1200°C 
are  shown  as  a  function  of  stress  in  Figure  5.  These  compositions  cover  the 
compositions  of  the  Nb-based  solid  solutions  in  the  composites  that  have 
been  generated  previously  from  ternary,  quaternary,  and  higher-order  alloys. 
The  data  at  1200°C  indicate  that  the  creep  rate  of  the  (Nb)  is  greater  than 
10'V1  even  at  stresses  as  low  as  70  MPa.  The  creep  rates  of  these 
monolithic  Nb  alloys  are  similar  to  those  of  the  composites  from  the  low  Si 
(less  than  14%)  quaternary  alloys  shown  in  Figure  3.  These  results  also  show 
that  the  creep  rate  of  the  Nb-Si  solid  solution  is  very  sensitive  to  Ti  additions. 


Figures.  Secondary  creep  rates  as  a  function  of  stress  at  1100°C  and 
1200°C  for  binary  Nb-Si,  ternary  Nb-Ti-Si,  and  complex  Nb-based 
monolithic  solid  solutions.  Note  the  stress  range  is  10  times  lower 
than  in  Figures  3  and  4.  The  effect  of  alloying  additions  on  creep 
rate  is  shown. 


The  stress  sensitivity  of  the  creep  rate  was  determined  by  relating  the  creep 
rate  (e)  and  stress  (a)  using  a  power  law  equation  of  the  form,  e=  Ban; 
where  n  is  the  stress  exponent  and  B  is  a  constant  at  any  specific 
temperature.  The  grain  size  of  all  the  monolithic  phases  was  large  and  of 
approximately  the  same  order  of  magnitude  (-100  jam).  In  the  present  study 
no  attempt  was  made  to  incorporate  any  dependence  of  the  creep  rate  on 
grain  size. 

The  stress  exponents  are  shown  in  Table  II.  In  the  case  of  the  Nb5Si3the 
stress  exponent  was  almost  one  and  the  mechanism  for  creep  deformation 
was  reported  to  be  Nabarro-Herring  creep,  the  creep  deformation  being 
limited  by  Nb  diffusion  [12].  In  the  cast  and  heat  treated  conditions,  the 
dislocation  densities  in  the  monolithic  intermetallic  phases  investigated  were 
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very  low,  and  Harper-Dorn  creep  probably  did  not  make  a  significant 
contribution  to  creep.  Therefore,  the  potential  creep  mechanisms  are 
Nabarro-Herring,  grain  boundary  sliding,  or  power  law  creep  for  the  cases 
where  the  exponents  are  close  to  unity.  Examination  of  the  creep  exponents 
in  Table  II  indicates  that  the  creep  deformation  of  the  monolithic  phases  is 
controlled  by  a  range  of  mechanisms.  For  example,  the  T2-C,  Laves-3,  and 
silicide-C  constitute  the  first  group  that  have  exponents  close  to  unity,  as  is 
the  case  for  binary  Nb5Si3.  Creep  deformation  of  these  phases  is  probably 
also  controlled  by  Nabarro-Herring  type  creep,  but  the  diffusing  species  that 
control  deformation  are  still  being  investigated.  The  Nb3Si-C  and  (Nb)  alloys 
represent  a  second  group  that  have  higher  stress  exponents  (>3).  The 
monolithic  (Nb)  alloys  have  exponents  of  ~3,  and  in  these  systems 
deformation  is  probably  controlled  by  dislocation  creep.  These  exponents 
are  similar  to  those  reported  previously  for  Nb-1.25Si  [11].  This  high  stress 
exponent  suggests  that  creep  deformation  is  controlled  by  dislocation  glide, 
as  is  the  case  for  pure  metals,  despite  the  fact  that  the  dislocation  structures 
in  Nb3Si-C  are  complicated. 

Table  II:  Stress,  temperature,  and  power  law  constants  describing  secondary 
creep  of  the  monolithic  phases  that  were  investigated. 


Phase 

Stress  Range 
(MPa) 

Temperature 

(°C) 

Constant, 

B 

Exponent 

n 

Nb5Si3 

100-280 

1200 

6. 16x1 0'11 

1.0 

Nb-10Si 

70-140 

1200 

6.57x1 0‘12 

1.9 

Silicide-C 

70-140 

1200 

3.84x1 0'11 

1.5 

NbsSi-C 

70-140 

1200 

1.07x1 0'14 

3.6 

Laves-3 

70-140 

1200 

1.1 1x1 0‘9 

1 

T2-C 

70-140 

1200 

2. 15x1  O'9 

0.9 

(Nb)-3 

3-80 

1100 

1 .9x1 0‘10 

3.3 

(Nb) 

3-80 

1100 

4.7x1  O'14 

2.9 

(Nb)-3 

3-20 

1200 

4.5x1  O'9 

3.1 

(Nb) 

3-30 

1200 

5.4x1  O'16 

5.5 

Composite  Creep  Modeling 

In  order  to  develop  an  improved  understanding  of  the  response  of  the 
composite  to  increasing  silicide  volume  fraction  and  increasing  stress,  the 
creep  of  the  composite  was  simulated  using  the  equation  shown  below  [11], 
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where  crA  is  the  applied  stress,  n  is  the  stress  exponent  for  the  silicide  (1.0), 
and  m  is  the  stress  exponent  for  the  Nb  (2.9).  Vs  and  Vw  are  the  volume 
fractions  of  the  silicide  and  Nb,  respectively.  Bs  and  Bw  are  the  pre-exponents 
in  the  power  law  creep  expressions  for  the  silicide  and  Nb,  respectively. 
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The  constitutive  creep  equations  for  the  monolithic  solid  solutions  were 
employed;  using  the  data  for  the  (Nb)  and  silicide  solid  solutions  shown  in 
Table  II.  The  above  equation  can  predict  the  increase  in  the  creep  rate  with 
increasing  stress  for  a  given  Si  concentration  in  the  hypoeutectic  regime. 
However,  the  model  does  not  incorporate  any  damage  mechanisms  in  either 
the  (Nb)  or  the  silicide. 


Figure  6.  Comparison  of  the  measured  and  the  calculated  composite  creep 
rates  for  the  range  of  (Nb)  and  silicide  solid  solutions  investigated. 

Figure  6  shows  the  effect  of  the  both  type  of  silicide  and  type  of  (Nb)  on  the 
predicted  creep  rates.  The  results  show  that  increasing  the  alloying  content 
of  the  (Nb)  (Nb-3  vs.  Nb-ISi)  causes  an  increase  in  the  predicted  creep  rate. 
Of  the  three  silicides  considered,  the  binary  Nb5Si3  produces  the  composite 
with  the  lowest  creep  rate  and  the  Nb3Si  produces  the  composite  with  the 
highest  creep  rate.  In  general  the  predicted  creep  rates  are  higher  than 
those  measured  experimentally. 
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Figure  6  also  shows  the  effect  of  silicide  volume  fraction  on  creep  rate  at  a 
stress  of  210  MPa.  In  Figure  6  the  measured  creep  rates  are  given  along 
with  predicted  creep  rates  for  various  combinations  of  (Nb)  and  silicide  solid 
solutions.  The  measured  creep  rates  decrease  between  12  and  1 8%Si 
(-0.25  to  ~0.7  silicide  volume  fraction).  The  calculated  creep  rates  also 
decrease  with  increasing  Si  concentration  from  12  to  18  %Si,  but  the  rate  at 
which  the  predicted  creep  rates  decrease  is  slower  than  the  rate  at  which  the 
measured  creep  rates  decrease.  There  are  several  possible  reasons  for  this 
difference.  First,  in  addition  to  the  increase  in  the  volume  fraction  of  silicide, 
there  is  probably  a  change  in  the  continuous  matrix  phase  from  (Nb)  to 
silicide  at  some  point  between  12  and  18%Si.  Second,  interface  diffusion 
may  play  a  bigger  role  in  the  composites,  whereas  in  the  monolithic  solid 
solutions  creep  was  limited  by  bulk  diffusion. 


Oxidation  Behavior 

The  composites  from  binary  Nb-Si  alloys  have  very  poor  oxidation  resistance, 
as  shown  in  Figure  7.  However,  the  oxidation  resistance  at  1200  and  1300°C 
of  silicide  based  composites  is  substantially  improved  by  additions  such  as 
Ti,  Al,  and  Cr  [2,4,6,13],  as  shown  in  Figure  7.  External  and  internal  oxidation 
are  the  two  principal  concerns  with  Nb-silicide  based  in-situ  composites.  With 
regard  to  internal  oxidation,  additions  of  Hf  can  reduce  oxygen  solubility  and 
diffusivity  and  thereby  slow  embrittlement  at  elevated  temperatures  [5,6,13]. 

The  DS  MASC  shows  oxidation  rates  intermediate  between  the  high  rates  of 
an  older  Ni-based  superalloy,  for  example  IN  738,  and  the  lower  oxidation 
rates  of  third-generation  single  crystal  superalloys.  The  dashed  lines  in 
Figure  6  indicate  the  oxidation  rate  goals,  for  a  temperature  of  1316°C.  This 
goal  is  derived  from  the  current  superalloy  capability  at  lower  temperatures. 
The  oxidation  data  for  the  MASC  at  1200°C  show  a  substantial  improvement 
over  the  oxidation  behavior  of  binary  (Nb)-Nb5Si3  composites. 

The  addition  of  Cr-rich  Laves  phases  can  further  improve  the  oxidation 
resistance.  The  oxidation  resistance  at  1204°C  and  1316°C  of  a  Nb-18Ti-7Hf- 
20Cr-2AI-18Si  alloy  is  compared  to  that  of  MASC  in  Figure  8.  There  is  a 
substantial  improvement  in  oxidation  resistance  for  the  Cr-rich  alloy,  with 
-33%  Laves  phase  (by  volume),  -25%  (Nb),  and  -42%  M5Si3  silicides. 


li 


TEMPERATURE  (°C) 


TEMPERATURE  (°F) 

Figure  7.  Comparison  of  the  oxidation  rates  of  silicide-based  composites 

with  those  of  Ni-based  superalloys  and  monolithic  Nb  alloys.  The 
metal  and  silicide  composite  (labeled  MASC)  shows  improved 
oxidation  behavior  at  temperatures  greater  than  1200°C. 

The  relationship  between  alloy  composition  and  oxidation  resistance  of  Nb- 
silicide  based  composites  has  been  reported  previously  [13].  The  results 
were  characterized  by  regression  analyses  for  major  element  effects  (Nb,  Ti, 
Hf,  Cr,  Si,  and  Al),  and  by  direct  comparison  for  other  addition  elements  (B, 
Ge,  Ta,  Zr,  Mo,  W,  and  V).  The  oxidation  rate  at  1204°C  (2200°F)  and 
1315°C  (2400°F),  as  measured  by  weight  loss  per  unit  area,  was  related  to 
major  element  concentrations  by  the  following  equations: 

Awt/area  =  C1204C-  A1204C  (1.0Si+0.7Cr+0.5Ti+0.3AI+0.01Hf),  at  1204°C 
Awt/area  =  C1316C  -  A1316C  (1.0Si+0.7Cr+0.4Ti+0.8AI-0.5Hf),  at  1316°C 

Where  C  and  A  are  temperature  dependent  constants.  At  1204°C,  C  was 
473  and  A  was  11.5.  At  1317°C,  C  was  1741  and  A  was  39.1.  These 
equations  show  Si  to  be  most  beneficial  in  reducing  the  oxidation  rate. 
Alloying  additions  of  Cr  and  Ti  are  also  beneficial.  Al  plays  an  increasingly 
important  role  at  higher  oxidation  test  temperatures. 
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Figure  8.  Comparison  of  oxidation  behavior  of  Nb-  18Ti-7Hf-20Cr-2AI-18Si 
with  that  of  the  MASC  at  1204°C  and  131 6°C.  Data  are  shown 
for  4  samples  of  MASC  and  9  of  the  modified  alloy  of  (Nb-  18Ti- 
7Hf-20Cr-2AI-1 8Si)  at  1204°C.  Data  are  shown  for  2  samples  of 
baseline  composition  and  4  of  the  Laves  phase  modified  alloy  at 
1316°C,  (b).  The  higher  Cr  concentration  in  the  alloy  leads  to 
stabilization  of  a  Laves  phase  and  improved  oxidation  resistance. 


Studies  of  the  effects  of  other  alloying  additions  indicated  that  B  offers  a 
benefit  to  the  oxidation  performance  of  the  composite  when  alloyed  at  levels 
greater  than  3%;  Ta  and  Zr  are  elements  that  can  improve  strength  with  the 
least  damage  to  oxidation  (up  to  concentrations  of  6%).  V,  Mo  and  W  can 
improve  strength,  but  they  severely  degrade  oxidation  behavior.  In  some 
alloys,  partial  replacement  of  Si  with  Ge  has  been  shown  by  to  improve  the 
oxidation  resistance  [6]. 


4.  Conclusions: 

This  paper  has  described  the  creep  behavior  and  oxidation  performance  of 
Nb-silicide  based  in-situ  composites.  The  creep  behavior  of  composites  from 
model  quaternary  alloys  and  monolithic  phases  has  been  described.  The 
creep  rates  of  the  composites  from  the  quaternary  Nb-Hf-Ti-Si  alloys 
decreased  with  increasing  Si  concentration  from  12  to  18%,  and  increasing 


13 


silicide  volume  fraction  from  0.25  to  0.62.  At  higher  Si  concentrations,  the 
creep  rate  increased  as  a  result  of  crack  linking  and  damage  accumulation  in 
the  silicides.  The  quaternary  alloy  composite  creep  rate  increased  with 
increasing  stress,  but  at  each  stress  level  there  was  a  minimum  in  the  creep 
rate  at  ~18Si. 

Of  the  intermetallics  investigated,  the  Nb5Si3  type  silicides  had  the  lowest 
creep  rates.  The  hP16  silicide  phases  have  higher  secondary  creep  rates 
than  any  of  the  tetragonal  silicides,  or  the  T2  phases,  at  stresses  greater  than 
140  MPa.  Analysis  of  the  creep  exponents  suggests  that  deformation  of  the 
complex  Nb5Si3  type  silicide  is  probably  controlled  by  Nabarro-Herring  type 
creep,  as  is  the  binary  Nb5Si3  silicide.  In  contrast,  creep  of  the  Nb3Si  silicide 
appears  to  be  controlled  by  a  dislocation  controlled  mechanism.  The  (Nb) 
solid  solutions  have  creep  rates  that  are  more  than  an  order  of  magnitude 
higher  than  either  the  intermetallics  or  the  composites  that  were  investigated. 

Modeling  results  and  experimental  data  from  the  monolithic  silicides  and  Nb 
solid  solutions  indicate  that  at  low  Si  concentrations  the  creep  deformation  is 
dominated  by  the  (Nb),  but  as  the  Si  concentration  is  increased,  and  the 
silicide  volume  fraction  is  increased,  the  composite  creep  performance  is 
controlled  by  the  silicide.  However,  the  model  underestimates  the  effect  of 
increasing  volume  fraction  of  the  silicide  on  the  creep  rate. 
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In-situ  composites  based  on  (Nb)  and  Nb  silicides,  such  as  NbsSi3  (tI32  crystal  structure)  and 
Nb3Si  (tP32  crystal  structure),  are  being  investigated  for  revolutionary  high-temperature 
structural  applications  [1,2].  The  use  of  Hf  and  Ti  alloying  additions  to  these  silicides  has  also 
been  examined;  in  these  systems  NbsSi3  has  also  been  observed  with  the  hP16  structure.  The 
present  paper  describes  EBSD  analyses  of  a  directionally  solidified  (DS)  Nb-silicide  based 
composite  that  experienced  a  eutectoid  transformation.  The  composites  were  directionally 
Solidified  using  the  Czochralski  method  as  described  previously  [1],  The  composites  were  creep 
tested  at  1200°C  for  24  hours.  Microstructure  and  microtexture  characterization  were  performed 
using  scanning  electron  microscopy,  and  electron  backscatter  diffraction  pattern  analysis 
(EBSD). 

The  microstructure  of  a  composite  directionally  solidified  from  a  Nb-12.5Hf-33Ti-16Si  alloy  is 
shown  in  Figure  1.  In  the  as-DS  condition  the  microstructure  consisted  of  primary  (Nb)3Si 
dendrites  and  coarse  (Nb)3Si-(Nb)  two-phase  cells.  There  was  also  an  fine-scale  intercellular 
(Nb)sSi3-(Nb)  eutectic.  After  creep  testing  partial  eutectoid  decomposition  of  the  eutectic 
(Nb)3Si  to  (Nb)5Si3  +  (Nb)  has  occurred,  as  shown  in  Figure  1(b).  This  is  analogous  to  the 
eutectoid  phase  tranformation  that  occurs  in  the  binary  Nb-Si  system,  where  Nb3Si  is  metastable 
and  decomposes  to  Nb  and  (Nb)sSi3  below  1750°C.  A  typical  micrograph  showing  partial 
eutectoid  phase  transformation  of  Nb-19Si  is  shown  in  Figure  2. 

EBSD  analyses  indicate  that  the  complex  (Nb)3Si  has  decomposed  by  an  analogous  eutectoid 
reaction,  where  the  products  of  the  reaction  are  (Nb)  and  hP16  (Nb)sSi3.  This  is  an  unexpected 
result,  because  the  binary  and  ternary  phase  diagrams  would  lead  one  to  expect  tI32  (Nb)5Si3.  It 
is  also  surprising  that  the  eutectoid  has  occurred  at  what  are  relatively  low  temperatures  for  these 
composites.  It  appears  that  in  the  complex  alloy  where  the  Ti  and  Hf  concentrations  are  high, 
stabilization  of  the  hP16  occurs  in  preference  to  the  tI32  structure.  The  hP16  (Nb)sSi3  may  offer  a 
lower  nucleation  energy  for  the  eutectoid  hP16  Nb)sSi3  than  for  the  tI32. 

The  following  phase  orientation  relationships  were  observed:  The  faceted  primary  (Nb)3Si 
dendrites  at  cell  cores  have  the  same  [001]  orientation  as  eutectic  (Nb)3Si.  The  (Nb)sSi3  in  the 
fine-scale  eutectic  exhibits  a  range  of  orientations  in  intercellular  regions.  The  [0001]  in  the 
hP16  (Nb)sSi3  and  the  [001]  (Nb)3Si  are  parallel  in  several  areas.  The  eutectoid  hP16  (Nb)sSi3 
grows  epitaxially  with  the  fine-scale  eutectic  (Nb)5Si3. 
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FIG.  1:  Backscatter  electron  images  (BEI)  at  (a)  low  and  (b)  high  magnifications.  The  figure  shows  the 
transverse  section  of  the  DS  Nb-12.5Hf-33Ti-16Si,  showing  the  primary  (Nb)  dendrites  (1),  the  primary 
(Nb)3Si  dendrites,  and  the  fine-scale  (Nb)5Si3-(Nb)  interdendritic  eutectic  (2);  the  as-DS  eutectic 
(Nb)5Si3  has  the  hP16  structure.  The  (Nb)3Si-(Nb)  coarse  eutectic  can  be  seen  at  the  upper  left  comer 
(1).  A  eutectoid  reaction,  (Nb)3Si<->  (Nb)5Si3+(Nb),  4,  has  occurred  by  nucleation  on  the  interface 
between  the  eutectics  along  the  silicide  arms;  the  transformation  has  proceeded  into  the  (Nb)3Si. 
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FIG.  2:  Partial  eutectoid  phase  transformation  in  binary  Nb-19Si 


